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ABSTRACT

Despite their apparent simplicity due to their fully austenitic structure, modern Cr-
Ni stainless steels are complex systems often containing more than 10 alloying elements.
Offering excellent corrosion and creep resistance at elevated temperatures, they are choice
materials for applications such as superheater tubes in steam power plants. Over the past
30 years, considerable improvement has been made to the strength of austenitic stainless
steels, through careful chemical composition control and sometimes purposely designed
heat-treatment.

The present work is concerned with the experimental study of the recently designed
NFET709, the best austenitic steel currently available on the market, and with the develop-
ment of models to predict the microstructural evolution and mechanical properties of such
steels. The experimental study of the precipitation state as a function of ageing time,
which involves an array of complementary techniques, reveals precipitation sequences with
no documented equivalent.

Physical modelling based on the theory for simultaneous transformations is used to
attempt to predict the precipitation as a function of time. Full use of modern thermody-
namic tools is made, avoiding previously necessary approximations. Once multicompo-
nent effects are correctly accounted for, good agreement is obtained with published results.
However, serious limitations are highlighted both in the absence of reliable quantitative
experimental information, and in the lack of thermodynamic data on phases commonly
found in modern austenitic steels.

A neural network in a Bayesian framework is used to estimate the creep strength and
creep life of austenitic stainless steels. Models built with this technique not only reproduce
correctly known influence of composition, but also grasp the interactions between different
parameters. It is further shown to be a superior method of extrapolation when compared
to conventional methods.

A new finding, that of o-phase in a chromium-enriched NF709, is shown to be of no

consequence to the long-term creep properties of the alloy.
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Nomenclature and Abbreviations

the gas constant.

the pressure of the system.

the temperature of the system.
the time.

contribution of the pure components to the molar Gibbs energy of
a phase indicated in subscript if necessary.

ideal mixing contribution to the molar Gibbs energy of a phase
indicated in subscript if necessary.

excess Gibbs energy change for mixing of a phase indicated in sub-
script if necessary.

the energy of a pair A-B.

the activation energy for homogeneous nucleation of phase 6.

the activation energy for nucleation on a dislocation.

the activation energy for nucleation on a grain boundary.

the activation energy for the transfer of an atom across the interface.
the mole fraction of component 7 in phase 7.

the mole fraction of component ¢ in phase v in equilibrium with 6.
the average mole fraction of 7 in phase 7.

the site fraction occupancy of component ¢ on sublattice k£ in a
sublattice phase.

the binary interaction parameter (i and j) in the Redlich-Kister
development, depending on the value of v.

the parameter for interactions between A and B on the first sub-
lattice when C' occupies the second.

the molar Gibbs energy of phase 6.
the driving force for nucleation per unit volume of precipitate phase.
the driving force for nucleation per mole of precipitate phase.

the driving force for nucleation as defined by the parallel tangent
construction.

the molar volume of phase 6.
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the number density of nucleation sites for phase 6.
the number of atoms per unit volume.
the length of dislocation per unit volume.

the energy per unit area for an interface between the phases indi-
cated in subscript.

the volume diffusion coefficient of element ¢ in ~.

the nucleation rate for phase 6.

the growth rate for phase 6.

the concentration of component ¢ in phase 7.

the concentration of component 7 in phase f in equilibrium with ~.
the average concentration of component ¢ in phase 7.

the supersaturation of component 1.

the flux of component 3.

the chemical potential of component ¢ in phase 6.

shape factor relating the volume of a particle to the cube of its
radius.

the extended volume of a phase indicated in subscript.
the volume of a particle at a given time.

the volume fraction of a phase.

the total volume in which the transformation occurs.
the heat capacity for the temperature range 1.

the interplanar spacing for plans (hkl).

the wavelength associated with electrons.

the stress during a creep test.

the stress to obtain creep rupture after 10* h.

the time to rupture.



TEM Transmission Electron Microscopy.

SEM Scanning Electron Microscopy.

EDX Energy Dispersive X-ray analysis.

TTP Time Temperature Precipitation.

MT-DATA Metallurgical and Thermochemical Databank.
SGTE Scientific Group Thermodata Europe.

JCPDS Joint Committee of Power Diffraction Standard.
bce body-centred cubic.

fcc face-centred cubic.

hcp hexagonal close-packed.
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Chapter 1

Introduction

The purpose of this chapter is to present the motivation for the research activities on
creep-resistant austenitic stainless steels, and to provide a general background about

these materials.

1.1 Materials requirements in the power generation
industry

Over the last decade, considerable research has been devoted to the improvement of
power plant efficiency. This is both for economical and environmental reasons: operating
at higher temperatures improves the thermodynamic efficiency, and hence reduces the
COs emissions per unit of energy. In this context, materials-related issues are the limiting
factor. Most of the steam-turbine plant now in service operate with a maximum steam
temperature of 568 °C and pressure of 160 MPa, with the current state-of-the-art plant
operating at 300 MPa, 600 °C [1]. When exposed for many years to such conditions, the
tubes in which steam circulates have to offer suitable corrosion and creep resistance. Cost
considerations imply that ferritic steels are used as much as possible, and considerable
work is being devoted to design stronger ferritic alloys for use at operating temperatures
of 650 °C. They also have a lower thermal expansion coefficient which makes them less
prone to thermal fatigue.

However, the lower parts of the superheater tubes on a conventional boiler (figure

1.1), encounter temperatures at which ferritic steels cannot be used, and are therefore
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Superheated steam To turbines
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Figure 1.1: Superheater tubing (left) and scheme of a simplified boiler, after [2]

conventionally made out of austenitic stainless steels. As a part of the effort to improve
the efficiency of power plants, much research focuses on improving the creep strength of
these alloys, and consequently to raise their operating temperature.

The following gives a short introduction to the different austenitic stainless steels used

in industry, and the latest compositions.

1.2 Austenitic stainless steels

1.2.a Composition and constituents

Austenitic stainless steels are essentially alloys of Fe-Cr-Ni, which owe their name to
their room temperature austenitic structure. The addition of chromium has long been
known to improve corrosion resistance. Chromium is also a ‘ferrite stabiliser’ and Fe-
Cr stainless steels have a ferritic structure, possibly martensitic depending on the heat-
treatment and exact chemical composition. The addition of austenite stabilising elements

in sufficient quantities can allow an austenitic structure to be stable at all temperatures.
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Nickel is the basic substitutional element used to stabilise austenite. The equilibrium
phases depend on the proportion of the three elements, as well illustrated in an isothermal
section of the ternary diagram for Fe-Cr-Ni (fig. 1.2) calculated using MT-DATA [3].

80
Austenite

Fe 80 60 40 20 Ni

< wiw
Fe

Figure 1.2: Isothermal section of the Fe-Cr-Ni diagram at 750 °C: a typical 18Cr-
12Ni wt% lies in the austenitic field. Calculated using MT-DATA and the SGTE
database.

Often, alloying elements, either interstitial such as C or N, or substitutional such as Mo,
Mn, Ti, Nb, V, W, Cu, Al,... are also used to obtain the required properties. They can
be classified as ferrite-stabilisers or austenite-stabilisers and their effect in this respect is
often approximated using the notion of chromium and nickel equivalents, calculated by

formulae like [4]:
Nieg = Ni+ Co + 0.5(Mn) + 30(C) + 0.3(Cu) + 25(N)

Creq = Cr + 2.0(Si) + 1.5(Mo) + 5.5(Al) + 1.75(Nb) + 1.5(Ti) 4+ 0.75(W) wt%

In this example, the composition has to be given in weight%. The use of such formulae is
not always straightforward, as they rely on the austenite content, which can be modified

by various precipitation reactions involving these elements.
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Whether the austenitic structure is retained at room temperature depends on the Mg
(martensite-start) temperature. Several empirical formulae have been derived to describe

the effect of chemical composition on Mg, an example is [5]:
Mg(°C) = 502 — 810(C) — 1230(N) — 13(Mn) — 30(Ni) — 12(Cr) — 54(Cu) — 6(Mo) wt%

A typical type 304 steel (table 1.2) has its Mg well below room temperature. However, it
should be borne in mind that deformation-induced martensite formation can occur well
above Mg. Mgz is the temperature at which 50% of martensite has formed for a true

strain of 30%. Again, formulae like:
Myso(°C) = 497 — 462(C + N) — 9.2(Si) — 8.1(Mn) — 20(Ni) — 13.7(Cr) — 18.5(Mo) wt%

have been derived to describe the effect of alloying elements [5].

At high temperatures, a steel containing 18Cr, 12Ni wt% should be fully austenitic.
However, the addition of other alloying elements often results in the formation of carbides,
nitrides and intermetallics. These phases are not always desirable and a good knowledge
of precipitation reactions is required to avoid loss of mechanical or chemical properties. A
good example is the sensitisation of non-stabilised austenitic stainless steels: sensitisation
occurs when the precipitate Mo3Cg forms at grain boundaries, depleting the chromium
content in the vicinity, which eventually results in intergranular corrosion. This can be
avoided by tying up the carbon with strong carbide formers like Ti and Nb. The steel is
then said to be stabilised. These precipitate phases will be described in detail in a later

section.
1.2.b Grades of austenitic stainless steels

From a simple type 304 to the recent NF709, austenitic stainless steel compositions
cover a large range. The two main alloying elements are chromium and nickel, so the
steels will often be referred to by their content of Cr and Ni. For example, 18/10 refers

to an austenitic stainless steels with 18Cr, 10Ni wt% .

The AISI 300 series and other variants The AISI 300 specifications for the com-

positions of different austenitic stainless steels (wt%) are shown in table 1.2 (after [6]).
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wt% C Mn P Ni Cr
Type 304 [6] <0.07 <200 0.04 810 17-19
NF-709 [7] 0.06 1.00 0.006 25 20

wt% Mo Nb Ti B N  Si
Type 304 ~0 ~0 ~0 ~0 ~0 ~0
NF-709 1.5 026 005 0.005 0.167 0.40

Table 1.1: Compositions of two austenitic stainless steels

C max. Simax. Mn max. Cr Ni Mo Ti Nb Al A\
301 0.15 1.00 2.00 16-18 6-8
302 0.15 1.00 2.00 17-19 8-10
304 0.08 1.00 2.00 18-20 8-12
310 0.25 1.50 2.00 24-26 19-22
316 0.08 1.00 2.00 16-18 10-14 2.0-3.0
321 0.08 1.00 2.00 17-19 9-12 5% %C min.
347 0.08 1.00 2.00 17-19 9-13 10X %C min.
E 1250 0.1 0.5 6.0 15.0 10.0 0.25
20/25-Nb 0.05 1.0 1.0 20.0 25.0 0.7
A 286 0.05 1.0 1.0 15.0 26.0 1.2 ~1.9 ~0.18 ~0.25

Table 1.2: The AISI 300 series and other examples of heat resistant austenitic
stainless steels; E1250 is Esshete 1250. All compositions given in wt%.

Grades denoted L contain low carbon (< 0.03 wt%) and ‘N’ contain nitrogen (eg:
316LN). Most often used as creep-resistant steels are types 316, 321 and 347, or alloys
containing all of Mo, Nb and Ti. There are many other variants of these compositions,
like the Japanese SUS300 series which mirrors the AISI 300 series, but sometimes with
addition of both Ti and Nb. For convenience, as is sometimes done in the literature, the
AISI 300 series will be used even for steels not strictly belonging to it, like a 316 with a
Ti addition.

In fact, it is not the intention to describe, in the next chapter, the precipitation
sequences in all different grades of creep-resistant austenitic stainless steels, but rather to
examine the occurrence of the various precipitates in such a way that the precipitation
behaviour of undocumented grades can be inferred from the conclusions reached.

There is a large amount of material on the precipitation phenomena in the 300 series
of alloys, which have been used widely as creep-resistant steels. The same is true for 20Cr-
25Ni steels. However, it appears that the long-term behaviour of Ti, Al alloyed austenitic
stainless steels (type A286) is little documented [8]. This is possibly because production
difficulties have restricted the application of such steels to parts requiring relatively small

ingot sizes (aeroengine turbine discs), the design life of which is much shorter than the
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few 100000 h required for steam plants [9].

Role of alloying elements

e Mn has been introduced in austenitic stainless steels as a substitute for Ni during
shortages in the international market or for economical reasons. The nickel content
can be halved to 4 wt% by the addition of 2-6 Mn wt%. Although the austenitic
structure is achieved, such steels do not exhibit the same corrosion resistance as an

18/8 steel. Mn is also used to increase the solubility of nitrogen in austenite.

e Mo is, on the contrary, a ferrite stabiliser. It improves the creep properties of
stainless steels by solid solution hardening and also improves the resistance to pitting
corrosion. It also facilitates carbides precipitation. However, it promotes o-phase

and Laves phase formation on long term ageing.

e Stabilising elements like niobium, titanium and vanadium greatly improve the creep
strength of austenitic stainless steels mainly by precipitating fine carbides intragran-
ularly. On the other hand, they reduce the creep ductility. The ratio in which they
are added to carbon is important to maximise the strengthening effect and avoid pre-
cipitation of detrimental phases. They can also have a solid-solution strengthening
effect.

e Carbon acts principally by solid-solution strengthening in non-stabilised grades, but

mainly by precipitation strengthening when Nb, Ti or V are present.

e Nitrogen is a strong austenite stabiliser. It has also a role in increasing the creep
life of austenitic stainless steels: it can act like carbon in stabilised stainless steels
by precipitating in the form of titanium or niobium nitrides, but the nitrogen re-
maining in solid solution has also a much greater strengthening effect than carbon.
It has been believed to lower the diffusivity of chromium and carbon in the matrix,
therefore delaying the coarsening of precipitates [5, 6]. However, more recent results
indicate that nitrogen enhances chromium diffusion, but retards the nucleation of
Ma3Cg because of its low solubility in this carbide [10].
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1.2.c Modern grades for high-temperature applications

Steels from the AISI 300 series have been used for long in power plant, where strong
corrosion resistance and creep strength are required. Modern austenitic grades have how-
ever significantly improved over these by the use of new combinations of chemical elements,
such as SUPER304H which, in addition to the required composition of a 304 steel, con-
tains Nb, N and Cu; SAVE25 which contains W, Nb, Cu and N, or NF709, presented
previously.

Figure 1.3 illustrates the development progress of austenitic steels for boilers, and on
the far right, the most advanced austenitic stainless steels, which all contain several other
elements in addition to Cr and Ni. In practice, the compositions are controlled much
more accurately than suggested by the intervals of compositions and include controlled
additions of B which has been shown to have beneficial effects on the creep strength.

Figures 1.4 and 1.5, adapted from [11], compare the allowable stresses as a function of
temperature, for some of these steels, and give a clear idea of the progress that has been
made from the H-Grade AISI 300 series. The definition of ‘allowable stress’ is not given

in this reference; the value of the stress probably refers to a particular service life.
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Figure 1.3: The development progress of austenitic stainless steels for high temper-

ature applications, after [11]. Numbers in square brackets
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Figure 1.4: The allowable stresses for some austenitic stainless steels for high tem-
perature applications, based on 18Cr-8Ni or 15Cr-15Ni steels. After [11].
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[11].



Chapter 2

Precipitates in creep resistant
austenitic stainless steels

The main grades of austenitic stainless steels have been presented in the previous chapter.
With excellent corrosion and mechanical properties at high temperatures, they are choice
materials for powerplant tubes which have to operate at temperatures above 950K, or for
aeroengines.

The important role of precipitation in the achievement of good creep properties has
been understood for long and extensively studied. Although some phases are now well
documented, there are still contradictions and missing thermodynamic data, in particular,
there is only a limited amount of information about phases like Z-phase or CrzNisSiN
which can be predominant precipitates in nitrogen-bearing steels.

This chapter is a review of common precipitates in austenitic stainless steels, in par-
ticular wrought heat-resistant steels of the AISI 300 family or 20/25 steels. Precipitates
forming in age-hardening austenitic stainless steels are only briefly presented, having been

previously reviewed by other authors, and can be considered out of the scope of this work.

2.1 Carbides and nitrides in austenitic stainless steels

2.1.a MX precipitates

The formation of MX precipitates in austenitic stainless steels occurs when strong
carbide/nitride formers (Ti, Nb, V, Zr, Ta...) are added to the alloy.
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These additions have two purposes:

e stabilising the alloy against intergranular corrosion. When stabilisation is the first
aim, a stabilising heat-treatment is conducted at 840-900 °C for several hours before

service. Most of the carbon is then ‘tied-up’ by precipitation of MC.

e Providing good creep resistance: when this is the first aim, a solution heat-treatment
is given in order to dissolve as much MX as possible. Subsequent precipitation occurs
during creep and increases strength. A typical solution treatment is 30-60 min at
temperatures between 1100 and 1250 °C.

The second use is the one we will focus on.

Many studies have concentrated on MX precipitation, but also on the appropriate
content necessary to obtain the best properties. The solubility of the MX precipitates
and the stoichiometry are essential in determining the behaviour of the steel with regard

to precipitation.

1 Structure and features of precipitation

MX carbonitrides have a NaCl fcc (face-centred cubic) structure, with lattice param-

eters as listed in table 2.1.

MX a, A reference

NbN 4.39 JCPDS 38-1155
NbC 4.47 JCPDS 38-1364
TiN 4.24 JCPDS 38-1420
TiC 4.33 JCPDS 32-1383

Table 2.1: Lattice parameter of some MX precipitates (JCPDS: Joint Committee of Powder
Diffraction Standard).

Often, measured lattice parameters have intermediate values, reflecting the existence
of a solid solution between the different carbonitrides.

MX precipitates usually form on dislocations within the matrix, on stacking-faults
(most often with TiC), on twin and grain boundaries. They have a characteristic cuboidal

shape after sufficient ageing.
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1 Solubility of MX carbides in austenite
Stabilisers such as Ti or Nb have long been known to reduce the solubility of carbon in
austenite. Early studies of the problem consisted in the determination of two parameters:

H, the heat of solution, and A, a constant as in:

H
logM][X] = A - -

where [M] is the weight percent of stabilising element in solution in the matrix, and
similarly for [X]. The product [M][X] is often referred to as the solubility product. Strictly
speaking, H is expressed in K.

The two following relationships can be found in many publications (e.g. [4, 6]):

log[Ti][C] = 2.97 — %
log[NB][C] = 4.55 — %

They are essentially valid for a typical 18/12 steel, the concentrations are in weight per-
cent. For a 20/25 steel, Kikuchi et al. [12] used for TiC H=10475, A=3.42 and for NbC,
H=7900 and A=4.92, but it is not clear whether these values have been measured for
20/25. The solubility is, as shown in their work, an important factor in the achievement
of good creep properties: they showed that adding M and X in excess of their solubility
limits resulted in coarse MX in the matrix and induced faster coarsening of MX which
later precipitated. However, until this limit is reached, the more M and X added the
better because more MX particles will be formed.

It is therefore clear that knowing the solubility limits of MX carbides is important.
However, modern high-temperature austenitic stainless steels often contain both carbon
and nitrogen, and more than one strong carbide former (Ti+Nb, Nb+V...), and relation-
ships as above are of limited use when it comes to estimate the solubility of multicompo-
nent carbonitrides (e.g. (Ti,Nb)(C,N)).

Recently, some studies proposed different approaches to the problem of the solubility
of multicomponent carbonitrides in austenite [13, 14, 15]. For example, Rios [13] proposed
for Nb(C,N):

(%Nb) [(%C) /K™ + (%N) /K§1°] " =1

where
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log KC == AGlo\IbC()87/RT
log KN - AG;IbNo_87/R’T

where AGYypc, ., 15 the Gibbs energy of formation of NbCy g7 with infinite dissolution in
the austenite as the reference state. However, one must notice that all these studies deal
with MX in austenite for micro-alloyed steels. It seems clear, from the literature, that
the presence of Ni and Cr introduces a further difficulty in austenitic stainless steels, the
main one being the formation of Z-phase.

There is a general agreement that Z-phase (CrNbN) forms in Nb stabilised austenitic
stainless steels, with a sufficient amount of nitrogen. In fact, it seems that as soon as
0.06N wt% is present in a typical 347 steel, Z-phase can be expected [16].

Moreover, in Cr/Ni steels, MX precipitates have been reported to start growing largely
under-stoichiometric [17, 18]. No approaches have been found that dealt with the solu-
bility of multicomponent carbonitrides in austenitic stainless steels susceptible of Z-phase
formation. Indeed, Z-Phase is even absent from the SGTE (Scientific Group Thermodata
Europe) thermodynamic databases accessed by programs such as MT-DATA or Thermo-
calc.

1t Formation and stoichiometry of MX precipitates

A number of studies have been devoted to the determination of the correct quantities
of M and X to use in order to have the best mechanical properties. As stated above, one
factor is the solubility of MX. This has been clearly outlined by the work of Kikuchi et
al. [12].

The second factor is the proportion of each element that has to be added, in such
a way as to maximise the amount of precipitation for a given product [M][X]. It is also
important to know, if stoichiometry is not respected, which of the elements is in excess,
as this may influence the precipitation sequence.

Wadsworth et al. [19] proposed a quantitative approach to stoichiometry and showed
that the amount of precipitate that can form drops quite sharply when M and X are not
added in proportions corresponding to the composition of the expected carbide (figure
2.1). Using the data of Keown and Pickering [20], they showed that best creep lives
were obtained when the Nb/C ratio was matching the stoichiometry Nb,Cj (for 18/12 or
18/10).

Other studies have shown that best creep life in 20/25 alloys was obtained for a Nb/C
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Figure 2.1: The amount of niobium carbide available for precipitation at 923 K
(after solution treatment at 1373 K) as function of the degree of deviation from
stoichiometry r, defined by » = pBr — qAr, where p and ¢ are the mass fractions of
A and B in the compound AB,,, and A7 and By the mass fraction of these elements
in the alloy. After [19].

atomic ratio of 1/1 [12, 21]. The work done by Kikuchi et al. [12] does not highlight any
serious contradiction since the first composition they tried around the atomic ratio 1:1 was
2:1, which means that any variation within this interval was not investigated. However,
Adamson and Martin [21] have results for the weight ratios 8:1 and 10:1 (respectively
atomic ratios 1:1 and 4:3), but find better creep properties for the 1:1 atomic ratio. A
possible explanation is that NbC actually forms with the stoichiometry 1:1 in 20/25 steels.

It seems important to note that all these studies rely on relatively short term creep
tests (as an average, less than 1000 h). No study has been found which confirms the
importance of a stoichiometric addition on long term creep properties. Moreover, this
explanation of the good creep properties of steels with stoichiometric additions of M
and X assumes that MX precipitates form with their final stoichiometry, which has been
proved wrong by different authors, as explained below.

The non-stoichiometry of MX precipitates in 18/12 austenitic stainless steels has been
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confirmed by atom-probe analysis [17, 18]. It was noticed that MX was largely sub-
stoichiometric for short ageing (typically 3 h at 750 °C), and contained a large amount
of Cr substituting for M (Ti,Nb,V...). The following explanation was proposed: as MX
has a lattice parameter larger than that of the austenite, a flow of vacancies is needed
for the growth of MX and stress is generated. The substitution of M by Cr and the
low carbon content both reduce the lattice parameter. Moreover, Cr is readily available
while M has to diffuse over long distances. The formation of sub-stoichiometric, carbon-
depleted MX precipitates is therefore kinetically advantageous. In more theoretical terms,
this corresponds to two effects. Capillarity is likely to modify substantially the local
equilibrium as the precipitates are very small. In fact, the composition changes reported
in these references correlate with size changes. The second effect is the modification of
local equilibrium to satisfy simultaneously the flux balance for different solutes. This could
affect strongly the composition of MX, since the diffusivities of the elements involved are
very different. It would similarly correlate with a size change unless the precipitates are
only coarsening.

However, stoichiometric carbides still have a lower free energy and, during further
ageing, they grow at the expense of sub-stoichiometric ones. This is because, according
to Andrén et al. [17], the diffusivity of metallic elements within MX precipitates is so

small that these precipitates can not change composition.
2.1.b Z-Phase

Z-phase is a complex carbonitride which forms in Nb stabilised austenitic stainless
steels containing a relatively high level of nitrogen. It has only recently been discovered,
with its structure being fully determined by Jack and Jack in 1972 [22], and it appears
from the most recent reviews (e.g. [4]) that the conditions of its formation are not very

clear, and even less is its relative stability when compared to other carbonitrides.

1 Structure and composition
The structure of Z-Phase is commonly accepted to be the one described by Jack and
Jack [22]: it has a tetragonal unit cell (space group P4/nmm), with a=3.037 A and
¢=7.391 A. The unit cell is obtained by ordering of Cr, Nb and N atoms, the formula
being CraNbyNy per unit cell. Vodarek [23] reports the following orientation relationship
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for Z-phase in a type 316LN:

(001),, || (001),

[110], || [100],

In contrast to MX precipitates, it seems that Z-phase dissolves little (if at all) substi-
tutional elements. Raghavan et al. [24] suggest that it can dissolve carbon and write
CrNb(CN), without giving any evidence for this. The absence of a CrNbC phase suggests
that if carbon can dissolve in Z-phase, it can only do so within small limits. Also, when
Nb is in sufficient quantity, both Z-phase and NbC are found.

11 Occurrence

Z-phase is seldom reported, even in alloys liable to form it on ageing. This could be
due to its composition and its general features of formation which are not very different
from common MX precipitates.

It generally forms on grain-boundaries, very rapidly, but also on twin boundaries and
within the matrix, where it is associated with dislocations [25]. When it forms, it is
usually as a fine dispersion of particles [24, 25, 16], which makes it an interesting phase
when good creep properties are sought. The morphology has been reported to be either
cuboidal [25] or rod-like [17].

There is a good agreement that it forms at high temperatures: Raghavan et al. [24]
report its formation during annealing (1 h at 1300 K) of a 18/12 containing 0.3Nb wt%
and 0.09N wt%, with an orientation relationship indicating precipitation in the solid state.
After ageing 8000 h at 866 K, it is still the predominant precipitate. Few My3Cg and o-
phase particles are present. These authors indicate that a 10 s heat-treatment at 1573 K
is sufficient to dissolve all the Z-phase particles, which is not inconsistent with the work
of Robinson et al. (quoted in [24]) which locates the solvus of Z-phase to be between 1573
K and 1623 K in a steel containing larger amounts of niobium and nitrogen.

Robinson and Jack [25] report the formation of Z-phase in a 20Cr/9Ni steel containing
0.38N wt% and 0.27Nb wt% between 700 and 1000 °C. At 1000 °C Z-phase is the first and
only phase formed. It is found uniformly distributed after 30 min but coarsens rapidly. At
700 °C it starts to precipitate in the matrix after 16 h. At lower temperatures, Vodarek
et al. [26] report a considerable dimensional stability of Z-phase in a type 316LN, with a
mean size of 6 nm after 82 h at 650 °C and 12 nm after 37890 h at the same temperature.
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Thorvaldsson and Dunlop [27], studying the effects of stabilising elements in austenitic
stainless steels, used a 18/12 steel with 0.4V, 0.13Nb and 0.43N at%. After 5000 h at
750 °C, no Z-phase had formed, but a (Nb,V)(C,N) fcc carbonitride formed instead.
Andrén et al. [17], with a steel of the same composition, in very similar conditions, found,
on the contrary, that the MX precipitate had always a stoichiometry not far from MXg 5,
and contained sensibly as much chromium as Nb+V. However, the characteristic tetrag-
onality was not observed and the authors suggested that they found a precursor state of
the fully ordered Z-phase.

11 Considerations on the stability of Z-phase

It seems quite reasonable to propose that Z-phase is the stable Nb containing phase in
austenitic stainless steels with high nitrogen: Hughes [16] suggests that it can be expected
in a typical 347 steel as soon as the weight percentage of N is greater than 0.06. Knowles
[28] finds Z-phase in a 20/25 0.41Nb wt% steel with 0.028N wt%, which could indicate
that chromium and/or nickel content play an important role in the solubility of this phase.

The problem arises, in many steels, to know whether NbC or Z-phase is the more
stable. Very few studies have dealt with additions of Nb, C and N together in a way
that could determine which phase is more stable: often Nb is in excess and both NbC
and CrNbN form. Uno et al. [29] found that only Z-phase formed in a 18/12 Nb steel
with carbon and nitrogen, the niobium content being lower than that required to combine
either all C or all N. This would indicate that Z-phase is fast enough to form first when
competition between NbC and CrNbN is likely to occur. On the other hand, Knowles
[28] reported Nb(C,N) after 2 h at 850 °C in a 20/25 steel, transforming to Z-phase with
further ageing. From the precipitation behaviour of NF709 [7], where Z-phase is reported
after ageing times of 104 h at 750 °C, and C containing phases are My3Cg and MgC one can
infer that Z-phase is more stable than NbC and that the latter will dissolve for the former
if Nb is in too small quantities. However, Raghavan et al. [24] deduce from a comparison
between 347 (18/12 with 0.8Nb and 0.07C wt%) and 347AP (18/12 with 0.3Nb, 0.09N,
0.009C wt%) a greater stability of NbC, since Z is found to precipitate from the solid
state but the NbC is found as residual particles. The conclusions of such a comparison

have to be examined carefully as the compositions were different.
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w  Conclusions on Z-phase

Generally, one can conclude that Z-phase precipitation is not fully understood. Points
of agreement are its stability at high temperature and the features of its precipitation
(fine dispersion). Proposed solvus temperatures differ between the various studies, but
these differences are consistent with different compositions. It is difficult as yet to build a
coherent view of the different kinetics observed. It is not clear whether Z-phase actually
forms from MX precipitates as suggested by the results of Knowles [28] and Andrén et
al. [17], or directly as suggested by Robinson et al. [25]. These observations could be
reconciled if one could prove that the driving force for the formation of Z-phase in a 20Cr
10Ni (Robinson et al.) is significantly different than that in a 18/12. The importance of
Z-phase in both ferritic and austenitic power plant steels, renders particularly necessary
the assessment of the ternary system Cr, Nb, N to provide the thermodynamic parameters

required for any prediction.

2.1.c M2306

1 Structure and composition
My3Cs is a more general notation for Cry3Cg, as often, Ni, Mo and Fe are found to
substitute partially for chromium. It is the main carbide in non-stabilised C-containing
austenitic stainless steels; nitrogen bearing steels form CrsN. It has a fce structure (and
space group Fm3m) of lattice parameter varying between 10.57 and 10.68 A, which is
about three times that of the austenite. It is often reported to grow with a cube to cube

orientation relationship:

{100}, | {100}y,
(010),, | (010)y;,,c

It is most of the time the main carbide found in austenitic stainless steels. Although
it can be only metastable, it is always found in the early stage of precipitation because it

nucleates very easily.

1 Morphologies and locations

Mo3Cg is most of the time reported to precipitate on the following nucleation sites, and
in this order: grain boundaries, incoherent and coherent twin boundaries, intragranular

sites. In Nb stabilised grades, it is sometimes reported to nucleate on undissolved (that
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is, during the solution treatment) niobium carbonitrides. Generally, My3Cg only shows
{111} and {110} interface planes. This has been explained by Beckitt and Clarck [30],

who showed these planes have the best atomic correspondence with the austenite.

Precipitation on grain boundaries The precipitation of Mo3Cg has been the focus of
many investigations, motivated by its importance in terms of corrosion resistance. My3Cg
on grain boundaries is often associated with intergranular corrosion. It is found after
very short ageing times (30 min at 750 °C, [31]), even in stabilised steels. It causes the
grain boundary to move, and therefore shows on one side, the new grain boundary, while
the other has a serrated aspect composed by the {111} interfaces. These precipitates are
usually large. When boron is added, the number density of My3Cg particles along the
grain boundaries increases [32], with beneficial effect for the creep rupture strength, as
the grain boundary sliding and surface cracking are reduced. Other effects of boron in
Mq3Cg will be dealt with later.

Figure 2.2: M53Cs on grain boundary.

Precipitation on incoherent and coherent twin boundaries On incoherent and
coherent twin boundaries, My3Cg forms long plates parallel to the twin boundaries. The
plates are, as for any form of My3Cg in austenitic stainless steels, bounded by {110} and

{111} planes only. The large faces are {111} planes parallel to the twin boundaries.
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Plates are initially growing from the incoherent twin boundary, but some are found later
apparently detached from the boundary. Precipitation on the coherent boundary occurs

more slowly than on incoherent ones. The mechanism of their formation has been subject

Figure 2.3: Plates of My3Cg growing from an incoherent twin
boundary (left), and around a Nb(C,N) precipitate (right), work
done for this project.

to controversy: Beckitt and Clarck [30] suggested that carbides growing on the incoherent
twin boundary repel Shockley partial dislocations in the twin, and these cause nucleation
of new plates in the twin. But detailed observations have lead Singhal and Martin [33] to
conclude that stacking faults were first growing in the twin. My3Cg would then nucleate
on the Shockley bounding dislocation and grow in the stacking fault, possibly helped by
an enrichment of this stacking fault in chromium. Both fail to explain why these plates
most of the time stand separated from the boundary and from each other (according
to these mechanisms, they should be connected to the incoherent twin boundary by a
stacking fault). Another mechanism has been proposed more recently by Sasmal [34]).
Noticing that plates do not form away from the boundary or on coherent twin boundaries
if the samples are directly put at ageing temperature after the solution treatment, Sasmal
suggested that the formation of plates of My3Cg close but detached from the incoherent
twin boundaries, and on coherent ones, was an effect of residual stress developed in these
regions. One could here argue that stress only influences the formation: if it favours the
formation of My3Cg plates parallel to the twin boundaries, there should still be a small

percentage of plates growing in other equivalent directions.
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Intragranular precipitation In the austenite grains, Mo3Cg precipitates as cuboids
or plates. The latter have the same characteristics as the plates growing from twin bound-
aries. The cuboids grow on dislocations until they form a continuous chain sharing their
corner. These chains can form branches, forming secondary stringers of My3Cs. Beckitt
and Clarck [30] have proposed a satisfactory explanation for the formation of these sec-
ondary stringers: the growth of primary My3Cg generates dislocations on which further
precipitation can occur. The direction of these secondary stringers is that expected by
the mechanism, that is the direction of usual edge dislocations in austenite.

Another kind of intragranular precipitation has been reported by Sasmal [35]. Plates
of My3Cg can form around undissolved Nb carbonitrides in Nb stabilised steels. In this
case, the large faces are {110} and the edges are {111}. The reasons for this change are

not clear, although a contribution of the strain around the undissolved particle is invoked.

1t Role of other alloying elements

M,3Cg is, initially, a chromium-iron carbide. However, its composition is susceptible to
large variations. For example, in a typical 2.25Cr1Mo wt% steel, Ma3Cg has a composition
of about 0.3Fe, 0.38Cr, 0.1Mo, 0.22C mole fraction (calculated with MT-DATA), while
in a typical 304 it is closer to 0.04Fe, 0.65Cr, 0.11Mo, 0.22C. There is also evidence that,
for a given steel composition, My3Cg composition undergoes large changes in the early
stages of the precipitation. Lewis and Hattersley [31] quote a study by Philibert et al.
in which the authors propose that M;Cs forms in the early stages of ageing in a 18/8
steel, as the Fe/Cr ratio is more consistent with the known composition of this phase.
Similarly, Marshall [5] quotes a study in which the authors show that up to 40 wt% Fe
can be found in My3Cg in the early stages of precipitation, and that the Mo content also
increases with time. It is proposed here that these composition changes can be explained
by the growth mechanism involved. In a multicomponent alloy, the interface has to move
at a rate which is consistent with the flux of each element, in order to maintain local
equilibrium. Therefore, the interfacial compositions are not in general given by a tie-line
passing through the bulk composition, but by an alternative tie-line which permits the
flux-balance (details are out of the scope of this review, see for example [36] or [37]).

In the same way, on the interstitial lattice, B can substitute for C; however in very small
quantities. Boron is of particular interest as it promotes the formation of intragranular

Mas(C, B)s. There is some controversy about the mechanism involved, but it is possible
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that B increases the lattice parameter of My3Cg, therefore reducing the mismatch with
the austenite. The presence of B in My3Cg has been shown using atom probe field ion
microscopy (APFIM, e.g. [38]). The same is not true for nitrogen. It has long been
believed to have a small solubility in Ms3Cs (e.g. [39]). However, recent experimental
results supported by ab initio calculations indicate zero solubility of nitrogen in Mg3Cg,
the structure of which is destabilised if a small amount of carbon is replaced by nitrogen
[10].

Except in the fine intragranular form, My3Cg precipitation is not desirable for good
creep properties. It is often associated with intergranular corrosion, as its formation along
the grain boundaries causes a local depletion in chromium and possibly local loss of the
stainless property (the steel is then said to be sensitised, i.e. susceptible to intergranular

corrosion).

w  Solubility and kinetics of precipitation

The solubility of carbon in austenite, with regard to My3Cg, has been described by

empirical relationships such as [40]:

log [C] ,, = 7.71 — %
As can be seen in figure 2.4, this is valid for a typical 18/12 steel, but one should be careful
as it is sensibly modified by the chromium and nickel content. Increasing the chromium
content reduces the solubility of carbon in austenite. It also increases the kinetics of
My3C¢ precipitation, as does an increase in carbon content: from 0.02 to 0.08C wt%, the
nose of the C-curve is shifted from 100 h to 0.1 h.

Mo3Cg first precipitates on grain boundaries, then, with increasing time, on incoherent
twin boundaries, coherent twin boundaries and finally in the matrix on dislocations. In
the matrix, it forms as evenly spaced angular blocks. At long ageing times, grain boundary
carbides can form a completely interlocked structure.

The kinetics of precipitation are affected by Mo, which stabilises the carbide and
accelerates its formation. On the other hand, nitrogen is well-known to retard both
the formation and coarsening rates of My3Cg, and an often proposed explanation is that
nitrogen reduces the diffusivity of Cr and C in the austenite [6], [12]. However, Degalaix
and Foct [41] found that if the carbon content was higher than 0.08 wt%, increasing the

nitrogen content could have the opposite effect. More recent investigations indicate that
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Figure 2.4: Solubility of C in austenite with regard to Ma3Cs precipitation.
Calculated with MT-DATA (allowing for austenite, Ma3Cs, M;C3 and liquid,
with elements Fe, Cr, Ni, 0.3Si, 1.0Mn wt%). Solid lines for 18/12 and dashed
lines for 20/25. The squares correspond to the empirical relationship from [40].

N actually enhances the diffusion of substitutional elements by increasing the formation
of vacancies, but delays the nucleation of My3Cg, the structure of which is destabilised

when carbon is partially substituted by nitrogen [10].

v Relative stability of Ma3Cg
In a simple type 304 steel, My3Cg is often the only carbide found at any ageing time.

Although sometimes MgC is found [42], it is as a minor phase and no mention is made
of an instability of My3Cg with regard to MgC. When molybdenum is added (type 316),
Ma3Cg can partially transform to MgC (see further); it is however always reported that
My3Cs remains the main carbide even after long ageing. In fact, My3Cg and MgC also
coexist in the X5CrNiMo1713 (17Cr, 13Cr, 5Mo wt%) studied by Thier et al. [43]. This

is not the case when niobium is involved in the formation of MgC, which seems then more
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stable and becomes the dominant carbide at long ageing times [44].

In stabilised grades, the situation is much more complex: from the literature found, it
is not possible to state clearly whether My3Cy is sometimes first formed or always follows
MX precipitation, nor which phase is the more stable on long term ageing.

Thorvaldsson and Dunlop [27, 45, 46], studying the effect of different stabilising ele-
ments and their combinations, found that My3Cg was more stable than TiC, but less than
NbC. This is consistent with Grot and Spruiell [47], who found formation of My3;Cg in a
type 321 after long term ageing, and with Kikuchi et al. [12] for a 20/25. These authors
concluded that TiC retards the precipitation of My3Cg but does not suppress it.

On the other hand, Bentley and Leitnaker [48], studying a type 321 steel having been
in service for 17 years at 600 °C did not find any My3Cg and concluded that TiC was
more stable. Lai [49] observed no My3Cs in a type 321 used up to rupture (16000-29000 h
at 600 °C).

Obviously, considerations of the relative stabilities of the two phases only make sense
if the titanium content is enough to combine all carbon present, as in the opposite case,
Mq3Cg forms with the excess carbon. The studies in which My3Cg formation appears as
an anomaly deal with steels in which Ti content is higher or equal than that required for
full stabilisation.

The agreement is better for NbC, which is more stable than My3Cs. However, My3Cg

can form as a transient phase.
2.1.d M4C

MgC is also known as n-carbide, but will be referred to as MgC to avoid confusion
with 7-phase (Laves phase). It generally refers to a phase of very variable composition.
In most cases, it is formed only after long ageing times, and therefore is quite little
documented. Moreover, its appearance and disappearance are strongly linked to that
of other constituents and it is difficult to give it any absolute position in a TTP (Time

Temperature Precipitation) diagram.

1 Structure and composition
MgC is a diamond-type fcc carbide whose lattice parameter varies between 10.95 and
11.28 A. Tts space group is Fd3m, which distinguishes it from M,3Cg and G-phase which

both are fcc of similar lattice parameters, but have a Fm3m space group. The n-carbide



2.1 Carbides and nitrides in austenitic stainless steels 36

structure is described by Stadelmaier [50]. This structure encompasses a wide range of
compositions and only the ones which are commonly found in creep- resistant austenitic
stainless steels will be reviewed here.

MsC composition can be molybdenum-rich ((FeCr),, Mo3Cg) or niobium-rich (FesNbzC).
The molybdenum rich FesMosC (a=11.11 A) was reported in high Mo steels, but never in
austenitic steels [51]. Instead, a fraction of molybdenum is replaced by iron or chromium,
and the lattice parameter is reduced (a=10.95 A) [51]. The composition reported by Brun
et al. [52] in a 316 steel containing Ti shows substantial amounts of Ni also dissolving in
MgC (see table 2.2).

Flement Si Mo Ti Cr Mn Fe Ni
at% 45 6.5 0.8 30 0.5 26.7 31

Table 2.2: Composition of MgC as measured by Brun et al. in a 316 steel containing
titanium.

Silicon has been reported to dissolve in this phase to form M5SiC, but such a phase is
very seldom found. Other elements which can be included in the general notation M are
Ni, Ti, Co. In NF-709 (a 20/25 Nb stabilised, with 0.17N wt%), long-term ageing allows
formation of Cr3NiySiC; such a composition has been reported by Williams et al. in a
study of irradiated type 316 [53] and by Titchmarsh et al. in a similar steel [54], at rather
low temperatures (466 °C) but not above 670 °C. Its formation in such steels is linked
with the segregation effects caused by irradiation, in particular the Si segregation to point
defect sinks. This particular composition has a lattice parameter of 10.62 A (JCPDS 17-
330), which makes it extremely similar to My3Cg from a structural point of view. Although
always referred to as CrsNi,SiC, its actual composition includes substantial amounts of
Mo and Fe (see table 2.3), the concentrations of which increase with temperature [53].

Williams [53] therefore proposed the more general formula (Cr, Mo),(Ni, Fe),SiC.

Temperature Cr Mo Si Ni Fe
500 °C 35 11 20 24 10
600 °C 32 15 20 24 10

Table 2.3: Some compositions (at%) of CrzNisSiC in irradiated 316, from [53].

Jargelius-Peterson [55] found a nitrogen rich similar phase (CrzNiySiN) after furnace
ageing of a 20Cr25Ni5Mo0.2N steel. It is reported after 5 h and 3000 h at 850 °C,
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therefore being probably an equilibrium phase. In agreement with the observation that
the Mo content increases with temperature, the composition found here includes as much
as 25 wt% Mo (this is also due to the larger Mo content of the alloy).

it Occurrence and stability
Mo rich compositions
In a type 316 steel, the composition of M¢C is close to (FeCr),,Mo3Cs. Weiss and
Stickler [51] proposed that it is formed as follows:

M23C6 — (FeCr)21M03C6 — MGC

It is not reported by Minami et al. [44] after 10000 h at 750 °C (instead, x-phase is
found), neither by Lai and Meshkat [56] after 10000 h at 600 and 650 °C, nor by Barcik
[67] for the same time, up to 900 °C. However, it was found by Stoter [58] in a specimen
of 316 having been in service at 650 °C for 28000 and 60000 h, in very small amounts and
always associated with My3Cg.

Nitrogen seems to have a large influence on MgC formation: Thier et al. [43] did not
find this carbide after 1000 h in a type 316 with 0.037N wt%, but found it after only
1 h ageing at 900 °C when the nitrogen content was 0.069 wt%. Gavriljuk and Berns
[10] suggest that the calculations performed by Jargelius-Petterson [59] raise controversy,
as she shows that an increase of nitrogen in a 20Cr, 25Ni, 4.5Mo wt% steel reduces the
driving force for MgC. However, one must notice that MgC is quite poorly described
in the SGTE databases, as it only contains information about the Mo-rich carbide, that
is to say it describes only one of the possible compositions of the n-structure. In this
regard, it is possible to say that the m-structure is in both cases stabilised but with
different compositions. In particular, Jargelius-Petterson [59] reports that M5SiN is always
present and favoured by high nitrogen contents. It seems therefore that nitrogen generally
stabilises the n-structure, but the composition of this phase varies with the alloy.

In type 321 (Ti-stabilised), none of the studies found reports MgC.

Nb-rich compositions

In type 347, on the contrary, the presence of Nb seems to promote the formation of a
niobium rich MgC. Care should be taken as Powell et al. [60] have given sensible argu-
ments showing that G-phase and MgC had often been mistaken. However, if the structures

are very similar, the composition should differentiate clearly Fe3NbsC or CrgNiySiC (as
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in NF709) from Ni;gNbgSi;. The experimental methods must be linked with the results
of the different studies. In general, Nb-rich MgC seems to form only on long-term ageing.
Kikuchi et al. [12] do not report it after 1000 h at 700 °C in a 20/25. In a 18/8 steel, it is
reported between 600 and 800 °C by Minami et al. [44] at very long time (~50000 h) for
600 °C but faster (~2000 h) for 800 °C. They proposed a sequence illustrated in figure

2.5. This mechanism implies excess of Nb is present. If Nb is less than that required for

Nb — €55 o Fe, Nb FegNb3 C
+
NbC
C NbC

Figure 2.5: Precipitation sequence leading to MgC when
Nb is in excess, as proposed by Minami et al. in [61]

combination of all carbon, no such phase is observed (steel Tempaloy Al in [44], similar
to a 304 with 0.13Nb, 0.06Ti, 0.07C wt%)

In 20/25 alloys, as written above, MgC and G-phase have probably been often mistaken
(e.g. [62]) in early studies where identification relied on X-ray or electron diffraction only.
It is difficult to conclude which phase forms preferentially: Ramaswamy et al. [63] report
MgC in a 20/25 with low Si content (0.03 wt%), but other studies report G-phase (Si
content 0.4-0.7 wt%).

When nitrogen is present (in 347 or in 20/25) in sufficient quantities, Z-phase forms
and it is difficult to have an idea of its stability with regard to MgC.

Cr3NiySiX and G-Phase

G-phase, which is considered further, is an alternative Si-rich phase to CrzNiySiC. As
mentioned above, the composition CrzNi,SiC is very seldom reported in the literature.
Titchmarsh and Williams have reported its formation in irradiated steels of composition
close to that of 316 with addition of 1.8wt% Nb. They noted [54] and provided evidence
[64] that G-phase formed preferentially only when carbon was not available.

In 20/25-Nb-C steels though, Powell et al. [60, 65], and Ecob et al. [66] have found
G-phase and observed that NbC partially transforms to G-phase with time. It seems
reasonable to propose that in 20/25, G-phase is stabilised with regard to CrsNiySiC,

probably because of the larger Ni content.



2.2 Intermetallic phases 39

However, in NF709 [7] (composition in table 1.1), CrzNiySiC is reported. This is
inconsistent with the studies quoted above which seem to indicate G-phase as a more
stable phase. It is not clear however whether the presence of carbon or nitrogen was
investigated or the composition Cr3Ni,SiC assumed. Investigations of the exact nature of
this precipitate are required to determine whether it is a nitride or a carbide. A nitride
would be expected as it would not be incoherent with the former observations that G-

phase is more stable than Cr3NiySiC and that the n-structure is stabilised by nitrogen.

2.2 Intermetallic phases

2.2.a Sigma phase

o-phase is a well-known intermetallic phase which forms in the Fe-Cr system, with a
composition FeCr. In highly alloyed steels, its composition is variable. Its precipitation is
associated with embrittlement. In creep resistant steels, it has a detrimental effect on creep
properties when precipitated on grain boundaries, but little effect when it precipitates

intragranularly.

1 Structure and Composition
o-phase has a tetragonal unit cell (space group P4,/mnm) with a=8.80 Aand c=4.54 A

(FeCr). This unit cell contains 30 atoms. Reported orientation relationships are [6]:

(111), | (001),
(0T1)., || (140),
(111), | (001),

The composition varies quite widely and it is difficult to give a formula. For example,
Jargelius-Petterson [59] reports the following range of composition for o-phase in a 20/25

with Mo content varying between 4.5 and 6.0 wt%:

Element Si Cr Mn Fe Ni Mo
wt% 0-1 27-32 1-9 35-43 8-15 10-16
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for a type 316 [39], a typical composition is (other elements not given):

Element Fe Cr Mo
wt% 44 29.2 8.3

71 Occurrence

An in-depth review of o-phase precipitation in Cr-Ni austenitic steels has been done
by Barcik [67]. o-phase precipitates first on triple points then on grain faces. After
long term ageing at high temperature, it also forms on incoherent twin boundaries and
intragranular inclusions. The mechanism of nucleation is still a matter of controversy,
particularly on the role of -ferrite and My3Cg in the nucleation process. Studies have
reported its formation associated with the dissolution of My3Cg, but also independently
[6]. It is found in most of the grades of austenitic stainless steels: type 304, 316 (Mo),
321 (Ti stabilised) and 347 (Nb stabilised) (e.g. [44]). However, it forms after different
times. The 25Cr-20Ni steels can exhibit as much as 20 wt% of o-phase.

%sigma
5 347
4 321

Tempaﬂoy-Al
’

316

103 104 time (h)

Figure 2.6: Precipitation of o-phase in different grades of austenitic stainless
steels. Tempaloy-A1l is an 18/10 with a Nb/C ratio of 1.86, whereas the 347
has a ratio of 17.40. The percentage is the area etched by KOH. After [44].

In stabilised grades, its formation is faster than in other grades: Minami et al. [44]
report precipitation of o-phase after 1000 h at 700 °C in 347 and 321 (347 precipitating
o-phase slightly faster than 321). In 304, 316 and Tempaloy-Al, o-phase is found in
significant quantities only after 10000 h (fig 2.6). It is worth noting that Tempaloy-A1 is
Nb stabilised, but with a Nb/C ratio of 1.86, while this ratio is 17.40 in the 347. This
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correlates well with the fact that o-phase forms when the carbon content falls below a
critical value and the chromium equivalent is higher than 18 wt%. In the 347 steel, almost
all the carbon is rapidly precipitated as NbC, while the low Nb content of Tempaloy-
A1 leaves some carbon in solution. The different trend for 321 could be linked to the
instability of TiC with regard to My3Cg. The precipitation of My3Cg lowers both the
carbon and the chromium content. The results of Grot and Spruiell [47] show on the
contrary no o-phase forming up to 2000 h in a type 321. o-phase is also found in 20/25
(fig 2.7). Different factors affect the formation of o-phase. Elements like Cr, Nb, Ti or Mo
are known to promote o-phase formation. Silicon promotes and accelerates its formation.
In general, the formation of o-phase in austenite is about 100 times slower than in ferrite.
Consequently, the presence of d-ferrite accelerates o-phase precipitation. [67]

A method has been developed by Woodyatt et al. [6] to estimate the o-forming

tendency of an alloy, based on the electron vacancy number N,:

N, = 0.66Ni+ 1.71Co + 2.66Fe + 4.66(Cr + Mo + W)
+5.66V + 6.66Zr + 10.66Nb  at%

If N, is higher than 2.52, the alloy should form o-phase.
2.2.b Laves phase

Laves phase is found in various grades of austenitic stainless steels. It is often a minor
constituent. It precipitates intragranularly in the form of equiaxed particles, occasionally
on grain boundaries [51]. Whether Laves phase has a detrimental effect or not on creep
properties is still discussed. In niobium stabilised steels however, it is likely that Laves

phase are detrimental because they allow formation of MgC (see below).

1 Structure and composition
Laves phase is a hexagonal phase of space group P63/mmec, with a=4.73 A and ¢=7.72
A. The main factor determining its formation being the relative atomic size of the con-
stituent atoms, the ranges of composition are quite small. Jargelius-Petterson [59] mea-
sured the following composition for Laves phase in a 20/25 with 5Mo wt%:



2.2 Intermetallic phases 42

After 10 min at 850 °C

Element Fe Mo Cr Ni Mn Si
wt% 29+2 36+£2 19+£2 134+£1 15408 1.8+0.5
After 3000 h at 850 °C

wt% 37+1 354+1 1241 1441 ~0 0.74+0.2

This shows that Laves phase probably does not form at its exact equilibrium composition.
In stabilised grades, Fe;Nb or Fe,Ti (more seldom) can form.

Denham et al. [68] proposed for Fe;Nb the following orientation relationships:

(0001) g,y [ (111),
(1010)F62Nb || (110)7

71 Occurrence

In type 304, Laves phase is not found, due to the absence of Mo, Nb or Ti. In type
316, which contains typically 2-2.5Mo wt%), it is found after relatively long ageing times:
Minami et al. [44] report its formation after a minimum of 1000 h, between 625 and
800 °C. The experimental results of Lai [69] are in agreement with the dissolution of
FesMo above 800 °C. Coherently, White and Le May [70] do not report any Laves phase
precipitation between 640 and 800 °C for ageing times up to 900 h. Weiss and Stickler
[61] report a slightly higher maximum temperature for Laves precipitation in type 316
as they found it up to 815 °C. Its formation interacts in a competitive way with that of
o and x phases. For example, the presence of -ferrite delays its formation because it
enhances that of ¢ and x phases.

In titanium stabilised grades, the formation of Fe,Ti is never reported in compositions
similar to that of a 321 steel. Minami et al. do not report it for ageing times up to 50000 h
between 600 and 750 °C, in a type 321. However, it is found by Beattie and Hagel [71] in
a A286 type alloy, containing 16Cr, 26Ni and 1.8Ti wt%, after 1000 h at 815 °C. This is
directly related to the large amount of Ti used in such steels compared to a typical 321.

In niobium stabilised steels, FesNb is frequently reported after long ageing times, but
as a transient phase which disappears for FesNbsC. It is reported to form in a type 347
with 0.87Nb and 0.05C wt%, after 1000 h between 650 and 800 °C, and disappear after
5000-10000 h [44]. However, its formation is dependent on the availability of niobium.
In the same study, the steel Tempaloy-A1l (18/10 with 0.13Nb for 0.07C wt%) does not
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precipitate Laves phase after ageing treatments up to 25000 h. Instead, only NbC is found
(figure 2.5). The same results are reported by Raghavan et al. [24], who found NbC and
Laves phase in a type 347 with 0.8Nb and 0.07C wt% (8000 h at ~600 °C), but only
Z-phase in a modified 347 with 0.3Nb and 0.09N wt%. It is therefore probable that both
NbC and Z-phase are more stable than FesNb.

2.2.c x phase

X phase is most of the time a minor intermetallic phase. It is mainly found in type
316 above 750 °C

1 Structure and composition
X phase is a bcc (body-centred cubic) phase of space group 1143m. The unit cell
contains 58 atoms and has a lattice parameter varying between 8.807 and 8.878 A.
A typical composition is FezgCrioMojg but the phase has a high tolerance for metal
interchanges. The structure has large holes which allow presence of carbon, sometimes
making this phase better described as a M;gC carbide. It nucleates on grain boundaries,

incoherent twin boundaries but also intragranularly on dislocations.

1 Occurrence
Although it is sometimes (but seldom) present in very small quantities in 321 [47], x
phase is only a significant phase in type 316, when the ageing temperature is high enough.
For example, it is reported by Minami et al. for times up to 25000 h and temperatures
between 700 and 850 °C, and by Lai et al., as being the main phase with o-phase between
715-850 °C for times up to 5000 h, but not by Stoter [58] after 28000 and 60000 h at
650 °C.

2.2.d G-phase

G-phase is a silicide forming in austenitic stainless steels stabilised with Ti or Nb. It
has been first reported by Beattie and Versnyder in 1956, in a A286 type steel, that is,
a precipitation-hardening 26Ni-15Cr with variable (0 to 2.3wt %) Ti and Al contents. It
has long been believed to form only under irradiation in steels of the 300 series and in
20/25 steels. However, Powell et al. showed, in 1985 [60] that it formed under normal
ageing in 20/25 Nb stabilised alloys, in the temperature range 500-850 °C, and suggested

that it had been identified as MgC in earlier studies of the same steel.
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1 Structure and composition
G-phase has a general formula A;DgC; where A and D are transition elements, and
C a group IV element [66]. A is usually nickel, D niobium [60, 65, 66] or titanium [49].
Ecob et al. [66] mentioned the possibility of substitution, in small quantities, of D (ie Nb

or Ti) by Fe or Cr, and Powell et al. [60] measured the following composition:

Element Ni Nb Si Fe Cr
wt% 51 29 14 45 1.5

Table 2.4: Composition of G-phase measured in [60]

Lai found a titanium-containing G-phase in a type 321 steel, and gives a composition

sensibly richer in nickel (table 2.5). Note that none of these compositions clearly shows

Element Ni Ti Si Fe Cr
wt% 63.3 209 12.2 347 0.13

Table 2.5: Composition of G-phase measured in [49]

substitution of D when trying to match the stoichiometric formula.

G-phase has a fec structure with a lattice parameter of 11.2 A, this corresponds to
a content of 116 atoms per unit cell. The space group for this structure is Fm3m. It is
remarkable that the lattice parameter seems to be the same for Ni;gNbgSiz [60, 65] and
Niy6TigSiz [49, 71]. In a earlier study, Sumerling et al. [62], studying a 20/25 Nb stabilised
steel, found a lattice parameter of 11.25 4+ 0.05 A for a phase they identified as MgC.

As mentioned before, Powell et al. have suggested that G-phase was identified as
MgC in early works on 20/25 Nb steels, because of close compositions and structures. A
detailed investigation of the structure is sufficient to solve the problem [66], but additional
evidence has been sought by the use of EELS (Electron Energy Loss Spectroscopy) (as in
[60]) or a wavelength-dispersive crystal spectrometer in SEM (as in [49]), both techniques
making possible quantitative measurements of light elements (C,N). These studies have

confirmed the absence of interstitial elements in G-phase.

1 Occurrence of G-phase in austenitic stainless steels

The general features of G-phase formation are:

1. It forms very predominantly on grain-boundaries (from where its name).
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2. Tt is now clear that it forms in 20/25 Nb stabilised steels and to an extent which

depends on the Si content.

3. It has also been reported in a type 321 steel, but other results are contradictory.

Ti-rich G-phase

In one of the first studies on G-phase [71], the Ti-rich G-phase is reported in a A286
type steel. It is not clear in what conditions of temperature and time it forms, as it
was often found to resist the solution-treatment. However, G-phase was not found in the
alloy containing only 0.01Si wt%, but formed at higher contents, and the volume fraction
increased with the Si content. Adding 2 wt% of Al suppressed the formation of G-phase.
This work also included a steel in which the Ti content is more similar to that used in
the 300 series, and no G-phase was found.

The only report found of Ti rich G-phase in type 321 has been quoted above [49].
Three out of seven type 321 steels show G-phase after 16000h and 50000h at 600 °C.
The common factors between the three type 321 steels which are found to form Ti rich
G-phase in this study are their small grain sizes and an excess of Ti with regard to the
amount of carbon present. However, in similar conditions, other studies [44, 48]) do not

report G-phase.

Nb-rich G-phase

In 20/25-Nb-C stabilised steels, it is now clear that G-phase can form [60, 65, 66] and,
following the suggestion of Powell et al. [60], the works of Sumerling et al. [62] and
Dewey et al. [72] may be regarded as other evidence for G-phase formation if one accepts
that MgC must be read as G-phase. In [62], in particular, the authors measured a lattice
parameter of 11.25 + 0.05 A which is much closer to the G-phase parameter.

Powell et al. summarised their work in a TTP (Time Temperature Precipitation)
diagram shown in figure 2.7. In their alloy (0.68Nb, 0.037C, 0.61Si wt%), G-phase forms
between 500 and 850 °C, first on residual grain boundary particles of NbC, and only after
very long ageing on NbC particles in the matrix. The authors propose that this is due to
the easier diffusion of required elements in the grain boundaries.

Ecob et al. [66], comparing the occurrence of G-phase in similar 20/25-Nb stabilised

steels, noticed that alloys apparently similar in composition exhibited different relative



2.2 Intermetallic phases 46

grain grain boundary M,Cs '
850  poundary G-phase © matrix
Nb(C,N)
no Nb(C,N
- [ ]
800 remajningazt °
grain boundaries matrix

750 — ° ° G-phase
5
S 700 -
2 )
P matrix
g 650 — . .O-phase
-

600 —

550 —

grain boundary
500 (— ©c o (G o-phase
| [ ‘ | | ‘ | [ ‘ | | ‘ | [
1 10 102 103 10*

Time (h)

Figure 2.7: TTP diagram from Powell et al. [60].

stabilities of NbC with regard to G-phase. They found that an increase in the oxygen
content led to a greater instability of NbC with regard to G-phase, and proposed that
oxygen and silicon are involved in a co-segregation process, a greater amount of oxygen
segregating around NbC leading to a greater segregation of Si in the same way. The
silicon rich region is more favourable to G-phase formation.

In 20/25-Nb-N steels however, as it has been discussed in the section regarding MgC,
it seems that CrgNiySiN forms preferentially to G-phase. No results could be found that
support this hypothesis.

In common 18/12-Nb steels, G-phase seems to be found only under irradiation [54, 53].
Increasing the Si content to 6 wt% resulted in the formation during furnace ageing of Nb
G-phase, although provided that carbon was not available to form Cr3NiySiC. However,

no study has been found which reports niobium G-phase in ordinary 18/12 steels.
2.2.e Ni3Ti and related precipitates

Precipitates such as NizTi, Niz(Ti, Al), are only found in a particular class of austenitic
stainless steels: the precipitation hardening ones. A typical steel in this category is A286,
a 15Cr-25Ni-Al-Ti steel. They contain titanium and aluminium in quantities substan-
tially larger than the 300 series and related compositions, to form «' or other Ni, Ti, Al

precipitates, as summarised in figure 2.8. However, there are very few studies in which



47

2.3 Other precipitates
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Figure 2.8: Effect of aluminium and titanium on the equilibrium phases present at
800 °C in 15Cr-25Ni austenitic steels, from [73].

the creep properties of these steels are given attention, and long term information is not
available (e.g. [74]). For this reason and because the precipitation in these steels has been

reviewed in [75], [73], it has been decided not to cover in depth these precipitates. These
are [75]:

e 7' is a fcc NizgAl or Nis(Ti, Al) intermetallic compound of lattice parameter 3.60 A.
It is also the transient structure of NisTi.

e 7 is hexagonal (a=5.09 A ¢=8.32 A) and is the equilibrium structure of NizTi.

e (3 is NiAl, formed at lower temperatures (up to 700 °C) and short ageing times
(10-100h).

2.3 Other precipitates

Attention has been concentrated on precipitates most often reported and studied in
creep resistant austenitic stainless steels. However, other phases are sometimes reported
depending on the alloying elements.
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2.3.a CI‘QN

It forms in non-stabilised austenitic stainless steels with high nitrogen (0.2 wt% at
900 °C with 20Ni wt%) [41]. It has a hcp (hexagonal close-packed) unit cell of lattice
parameters a=4.78 A and c=4.44 A [6]. Although a major precipitate in high-nitrogen
non-stabilised steels, it is not in either nitrogen-bearing non-stabilised creep-resistant
austenitic stainless steels because of the lower N content used, or in stabilised nitrogen
bearing grades, because Z-phase seems to form preferentially. A detailed review of CroIN

can be found in [10].

2.3.b Pi-nitride

It is reported by Jargelius-Petterson [55, 59] to form in a non-stabilised 20/25 steel
with 0.21N wt%. The composition after 10 min at 850 °C is:

Element Si Mn Cr Ni Mo Fe
wt% 10+£02 11+£03 47+1 201 13+£1 1941

It has a cubic structure of lattice parameter a=6.3 A [55].
2.3.c Titanium carbosulphides

The titanium carbosulphide Ti;CySs is reported by Lai [49] in different type 321 steels
aged at ~600 °C for times between 16000 and 53000 h, and by Minami et al. [44] in
a similar steel; they clarify that this phase is already present in the solution-treated

condition. Tt has a hcp structure of lattice parameter a=3.21 A and c=11.12 A.
2.3.d Copper precipitates

Few data are available concerning the effect of copper in creep resistant austenitic
stainless steels. Tohyama et al. [76] used 3 wt% copper in Tempaloy-Al, a steel similar
to 347, with addition of a small amount of titanium. This results in precipitation of a
copper-rich phase, independently of the precipitation of other precipitates. The creep

rupture strength is significantly increased in comparison to the original composition.
2.3.e  Chromium phosphides

The chromium phospide CrsP has been reported by Rowcliffe et al. [77], in a 18/10
steel with 0.3 wt% P. It has a tetragonal unit cell with a=9.186 A and c=4.558 A.
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2.4 Concluding Remarks

An attempt has been here made to review the characteristics of the main precipitates
found in austenitic stainless steels. Whereas the early stages of precipitation are quite well
understood in the usual grades of austenitic steels, this is far from the case for the new
generations of nitrogen-bearing stabilised austenitic steels. There is a lack of knowledge
about the phases which precipitate during long-term ageing, particularly with respect to
thermodynamic data.

Z-phase, which plays an essential role in recent creep-resistant austenitic or ferritic
stainless steels, is not present in the SGTE databases commonly used with thermodynamic
calculation packages such as MT-DATA or ThermoCalc. The kinetics of its formation are
also rather obscure.

In discussing the stability of MgC, there is some confusion which arises from the fact
that this phase is most often referred to as one particular composition of the n-structure
rather than the 7n-structure itself. Similarly, thermodynamic data are only available for
the Mo-rich pole of the n-structure. Other important compositions which are not present
in the SGTE databases include FesNb;C and Cr3NiySiX.

The formation of MX precipitates is well documented, but again, thermodynamic data
are missing to model the solubility of Cr, which is likely to be important in the kinetics of
precipitation. An assessment of the Cr-Nb-N system could help improving the description

of NbX precipitates, and would also provide thermodynamic data for Z-phase.
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Precipitate Structure Parameter (A) Composition
NbC fce a=4.47 NbC

NbN fec a=4.40 NbN

TiC fcc a=4.33 TiC

TiN fce a=4.24 TiN

Z-phase tetragonal a=3.037 ¢=7.391 CrNbN

Ma3Cg fcc a=10.57-10.68 CrigFesMoyC (e.g.)
MgC diamond cubic = ¢=10.62-11.28 (FeCr)4; Mo3C; FesNbsC; M5SiC
Sigma, tetragonal 0=8.80 c=4.54 Fe,Ni,Cr,Mo
Laves phase hexagonal a=4.73 ¢=7.72 FeaMo, FeaNb
x-phase bce a=8.807-8.878 Fe3eCriaMoqg
G-phase fce a=11.2 NiNbgSiy, NijgTigSiy

Table 2.6: Crystal structure and composition of the main precipitates in
austenitic stainless steels



Chapter 3

Modelling precipitation reactions in
steels

The formation of an individual particle involves its nucleation and growth. A good ther-
modynamic description of the phases involved is essential in order to model the kinetics
of this reaction. For this reason, this chapter includes a presentation of the CALPHAD
method on which are built the SGTE databases used in thermodynamic calculation soft-
ware such as MT-DATA or ThermoCalc; it then introduces physical models for nucleation
and growth. The overall precipitation process must also account for impingement effects.
This can be dealt with using the theory for overall transformation kinetics as first ex-
pressed by Kolmogorov [78], Johnson and Mehl [79], and Avrami [80].

3.1 Thermodynamic models for solution and com-
pound phases

The use of phase-diagrams has, for long, been seen as being rather academic, because
most real materials are multicomponent in nature, while phase diagrams are generally
used to represent binary or ternary systems.

The CALPHAD (CALculation of PHAse Diagram) method has altered this viewpoint
because it is now possible to predict the phase behaviour of complex, multicomponent
systems, based on the extrapolation of thermodynamic properties. At the heart of this
method is the calculation of the Gibbs energy of a phase as a function of its composition,

temperature and pressure. Once this is possible, the problem of predicting an equilib-
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rium is essentially mathematical, although far from simple given the number of variables
involved in the minimisation process.

The models in use for the Gibbs energy vary with the nature of the phase considered.
The following introduces the problem for pure substances, solutions and sublattice phases,
which are the most commonly used in the field of metallurgy. The phases of interest in the
present work fall into three categories: MX precipitates (TiN, NbN, etc.) are modelled as
pure substances, complex carbides (e.g. My3Cs, MgC) and austenite are sublattice phases,
while the liquid phase is a random substitutional solution.

The following is essentially based on references [81, 82, 83].

3.1.a Pure substances

For a stoichiometric compound, it is sufficient to know the heat capacity together
with reference values to obtain the Gibbs energy at any temperature. The SGTE (Scien-
tific Group Thermodata Europe) databases store the coefficients for the heat capacity at

constant pressure, Cp, written as a polynomial of temperature:
Cp(T)=A+ BT +CT*+ DT ? (3.1)

together with values for AyH, the enthalpy of formation of the substance, and Sagg the
entropy at 298 K. The coefficients are valid only within a given range of temperature, and
the database provides parameters as a function of temperature interval.

3.1.b Random substitutional solutions

In random substitutional solutions, such as gas, or simple metallic liquid and solid
solutions, the components can mix on any spatial position available to the phase. The
Gibbs energy of a solution is traditionally decomposed according to:

G =G+ G 4+ Gz, (3.2)

ideal

where G° is the contribution of the pure components, G552 the ideal mixing contribution

and G%’.  the deviation from ideality also known as excess Gibbs energy of mixing.
t Ideal solutions
This is the simplest possible case. The interactions between the different elements

are identical and there is no enthalpy change when the solution is formed. The only
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contribution to the Gibbs energy change is due to the increase of configurational entropy.

This term can be simply calculated using Stirling’s approximation for large factorials.
ASrandom =—R Z (371 In .’L‘Z) (33)

where x; is the atomic fraction of component ¢ and R the gas constant. The Gibbs energy

per mole of solution is therefore:
G=> x:G;+RTY z;Inz; (3.4)

1t Regular and non-regular solutions
In most cases however, there are interactions between the components of a phase. In
the case of a binary system AB, the regular model assumes the total energy of solution
can be written :

E = Njacaa+ Nppeaa + NaaNapean (3.5)

where N4 is the number of AA pairs, and €44 their bond energy, it can be shown that

the enthalpy of mixing is:

Nz
AHpiz = 755(1 — ) (2648 — €44 — €BB) (3.6)
where N is the number of atoms in solution, and z the coordination number of the

structure, that is the number of nearest neighbours of any atom.

XS

ideal
Gmix

Figure 3.1: Modification introduced by the regular term: this diagram shows the
Gibbs energy of mixing with its two contributions as a function of z. If T < w/2R,
the curve has two points of inflection between which there is a miscibility gap; this is
the case illustrated here.
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For a regular solution, it is also assumed that the entropy of mixing is as given by
equation 3.3 so that it does not contribute to the excess Gibbs energy of mixing , therefore
G5 is:

v =wr(l —x) (3.7)
where w = Nz/2(2¢4p — €44 — €44) is a temperature dependent parameter on which
depends the behaviour of the solution (figure 3.1). Generalised to a multicomponent

random solution, the Gibbs energy per mole is written:

G= Z LEZG; + RT Z €T; In T; + Z Z Ty jWij (38)

i g>i
However, this assumes interactions to be composition independent, which is not realis-
tic in most cases. The sub-regular model, proposed by Kaufman and Berstein, introduces
a linear composition dependency and expresses the excess Gibbs energy of mixing as:
e = > wity(whmi + wlz;) (3.9)
i g>i

This is generalised to any composition dependency in the Redlich-Kister power series,

s

which expresses G772~ as:

e = Z Z TiTj Z wii (@ — ;)" (3.10)
i j>i v
In the SGTE databases, the individual parameters w are written:
w=A+BT+CTInT + DT? (3.11)
and these coefficients are stored for each Wy

3.1.c Sublattice models

The different expressions for G7;, presented above are all for solutions where the
components can mix freely on the sites available for the phase. In many cases, however,
different components mix on different sublattices, as with austenite, where C, N, B mix
on the interstitial sublattice, while Fe, Cr, Ni, etc. mix on the substitutional one. For
a two-sublattice phase, with A and B on the first sublattice, C and D on the second,

considering a regular solution, the excess Gibbs energy of mixing is written:

TS

miz = YaYpL% g + YoYU Licp (3.12)
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where L% 5., and Lg ., are regular solution parameters for mixing on the sublattices
irrespective of site occupation of the other sublattice. The mole fractions (e.g. x4) are
now replaced by the occupied site fractions (y}, where 1 denotes the first sublattice).
A sub-regular model is introduced by making the interactions dependent on the site

occupation of the other sublattice, as:

TS

ve = YaysYe L p.o + Yaysyh L s (3.13)

+yeypya Loaop + vevpys Ly.cop

The temperature dependency is obtained by writing the parameters LY p.- as poly-
nomials of 7" and In7', and it is the coefficients of these polynomials which are stored in
the SGTE databases.

3.1.d The SGTE databases

The purpose of this section is to describe the limitations of the SGTE databases when
dealing with systems such as NF709 (composition in table 1.1). These limitations can be

classified in three categories:

e Absence of a phase: this is the case of Z-phase and G-phase for which no information

is present in the database.

e Absence of an element within a phase, for example, Nb is not included in MgC in
the databases.

e Absence of parameters: an element can be allowed to enter a phase, but there is
no information about its interactions with the other elements. For example, there
is no parameter for Nb and N interactions in austenite. When this arises for two

elements on a same sublattice, they are modelled as an ideal solution.

1 Missing Phases
Two phases reported to form in austenitic stainless steels are not present in the SGTE
databases. Z-phase, which forms in the early stages of precipitation in nitrogen-bearing
stabilised austenitic stainless steels, and G-phase, which is sometimes reported in 20/25

niobium stabilised steels, after long-term ageing.
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1 Maissing Solubilities
For many phases, not all the elements which are known to dissolve in the phase are
found in the database. In the following table, the substitutions reported in literature are

reported, and the substitutions allowed by the SGTE are compared.

Phase Elements reported in literature | Elements allowed by SGTE
My3Cs CrFe Mo CMn Ni P BN Cr Fe Mn Ni Mo C

M¢C Fe Cr Mo SiNb Ti Ni C N Fe Cr Mo C

Sigma Fe Cr Ni Mo Mn Fe Cr Ni Mo Mn

Laves phase | Fe Ti Nb Mo Fe Ti Nb Mo

1t Missing Parameters
There are more than 800 parameters missing for the description of all the phases
able to form in a system corresponding to NF709. Although some have no importance
because they describe phases which are not expected to form, it is difficult to judge of
the consequences of most of them. In austenite, for example, most of the interaction
parameters for boron with other elements are missing. However, boron may be present
in very small quantities. A number of parameters are also missing for niobium and it is

more difficult to estimate the consequences.

3.2 The classical theory for nucleation

In this section the main lines of the derivation of nucleation rate as calculated in
classical theory are given, together with modifications for nucleation on dislocations, on

grain boundaries and for non-spherical shapes.
3.2.a Nucleation rate in the classical theory

At any temperature above absolute zero, composition and structure fluctuations con-
stantly occur in alloys as a result of thermal agitation. These fluctuations can lead to the
formation of stable nuclei of a new phase.

In classical theory, the probability P of a fluctuation giving a nucleus leading to an
increase of Gibbs energy AG is calculated according to the Boltzmann statistics:

P30~ texp (26



3.2 The classical theory for nucleation 57

Although the nucleus is extremely small, macroscopic thermodynamical variables are used
to give an expression for AG, because the rate is an average function. Considering the
formation of a nucleus of # in a matrix ~, r being the radius of the nucleus, the change in

Gibbs energy is:
473

AG = AG, + 411’0 (3.14)

where 0,4 is the interface energy per unit area between the two phases, and AG), is the
Gibbs energy change per unit volume of embryo.

The change in Gibbs energy shows two contributions which act in opposition. In this
case, the Gibbs energy change decreases with increasing size only above a critical radius

r.. The critical radius and the activation energy G* are, assuming a spherical nucleus and

AG

Figure 3.2: Schematic variation of the Gibbs energy change with the size of
a nucleus in a supersaturated solution. After [84].

neglecting possible strain effects:

(3.15)

Te = —

The nucleation rate is then derived by considering the frequency with which an atom adds
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to a critical radius and makes it stable:

I = Nexp <_I§T> v exp <—g}) (3.16)

where v is an attempt frequency, often taken as being k7'/h, N a number density of

nucleation sites and Gy the activation energy for transfer of atoms across the v interface.
3.2.b Heterogeneous nucleation

Homogeneous nucleation very seldom occurs in solid-state transformations. The pres-
ence of defects, with which is associated a given energy, provides sites for preferential
nucleation. In austenitic stainless steels, MX carbides nucleate intragranularly on dislo-

cations, and most of the other carbides occur on the austenite grain boundaries.

¢ Nucleation on dislocations
When a nucleus forms on a dislocation, the Gibbs energy change is not given by
(3.14), as the strain energy field associated with the dislocation is locally suppressed [84].
The Gibbs energy change per unit length for a cylinder of radius r forming around the

dislocation is: .
AG = 1°AG, + Cyy — §Bb In(r) + 2701 (3.17)

where b is the magnitude of the Burgers vector of the dislocation and B a term which

depends on its nature (edge, screw or mixed). The solution for 0AG/0r = 0, if it exists,

24 1/2
{M } ] (318)

TOve

is given by:

O',yg

~ 2AG,

r

The quantity o” = AG,Bb/(n0?2,) determines the behaviour of the nucleus: if a” > 1,
the energy decreases continuously as the radius increases. If a” < 1, there are two
solutions and the activation energy G, is the difference between the Gibbs free energy at
the two extrema.
The nucleation rate in this case is a function of the dislocation density:
kT Gy + Gy

=Nl exp [ ——4_"* 3.19

where N, is the number of atoms per unit volume and [/, is the length of dislocation per

unit volume.
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1 Grain boundary nucleation
Nucleation on grain boundaries is treated in a similar way: the formation of a nucleus

is helped because it suppresses a high energy defect in the crystal. In this case, the

Figure 3.3: Nucleation on a grain-boundary as described by
Clemm and Fisher. Adapted from [84].

activation energy is found to be:

3
* i {7770 Oy0 — Thyy U’y’y}
B o7 ne2AG,>

(3.20)

where o,,, 0,9 are the interfacial energies for the grain boundary and the interface
precipitate-matrix respectively. n,,, 7,9 are shape factors which relate the area of the
interfaces vy and 0 to the radius of the particle, while 7, is a shape factor for the volume

of the precipitate. In the case described by figure 3.3, they are:

(2 — 3(:039-1-00820)
Ny = 271' 3

Ny, = msin®f

Ny = 4m(1—cosb) (3.21)

Johnson et al. [85] derived expressions for the activation energy for faceted homoge-
neous nucleation and for various shapes of grain boundary nucleation. They showed that
a change in shape left the critical radius unchanged, but modified the activation energy.

3.2.c The driving force for nucleation

The preceding sections show the need to know the chemical driving force for nucleation
AG,. The precipitation of # in a matrix v leads to a reduction of Gibbs energy, AG, as
illustrated in figure 3.4. The corresponding Gibbs energy change per unit of precipitate
is given by AG, = AG,/f where f = (T — 27%)/(2% — 27?) is the fraction of precip-

itate, T being the bulk composition (mole fraction), 7% the composition of the matrix
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Figure 3.4: An illustration of the construction for finding the driving force for nucle-
ation, 277 is mole fraction of solute in the matrix in equilibrium with the precipitate,
T the bulk mole fraction.

7 in equilibrium with the precipitate #, and 2?7 the composition of the precipitate  in
equilibrium with the matrix v. However, the composition of the matrix hardly changes as
a consequence of the nucleation, and AG,, does not represent correctly the Gibbs energy
change during this phenomenon. Furthermore, the composition of the nucleus need not
be that corresponding to equilibrium (z%7), since an alternative composition may lead to
a larger Gibbs energy change. The composition that maximises the Gibbs energy change
at the nucleation stage is given by the parallel tangent construction [86] as illustrated in

figure 3.4. AG,, is therefore a better estimate of the driving force for nucleation.

3.3 The growth of precipitates

3.3.a Rate control

The velocity of the interface between matrix and precipitate depends on the mobilities
of atoms in the matrix and is related to the atom transfer across the interface. The

processes are in series. When the majority of free energy is dissipated in the diffusion of
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solute ahead of the interface, the growth is said to be diffusion controlled. It is interface-
controlled otherwise. Figure 3.5 illustrates the solute concentration profile in both cases.

In the case of diffusion-controlled growth, the interface compositions are given by the

c cd
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Figure 3.5: Schematic illustration of the solute concentration profile at the interface be-
tween the precipitate § and the matrix v. ¢?? is the concentration of solute of the matrix
in equilibrium with 6, ¢?” that of the precipitate in equilibrium with +, and € is the bulk
concentration.

equilibrium phase diagram, as illustrated in figure 4.1.
The following describes, as an example, the Zener model for the growth of a planar
interface with a constant far-field concentration (¢), in a binary system. More rigorous

models and extension to multicomponent systems are discussed in chapter 4.
3.3.b Zener model for diffusion-control growth

The solute concentration profile at the interface is illustrated in figure 3.5. A simpli-

fication introduced by Zener assumes a linear gradient as illustrated in figure 3.6.
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Figure 3.6: The constant concentration gradient approximation [87], and the binary
phase diagram showing the composition at the interface 6.
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In this case, the flux of solute arriving at the interface is:

dc t— "
v - _D
0z|,_

2*

2d

where z* is the position of the interface, D the diffusion coefficient of the solute in the
matrix, and ¢ the concentration of solute. This flux must equal the rate at which the
solute is partitioned:

w(CM - Cw) = |Jy=pr

(3.23)

where 1 is the growth rate. z4 can easily be estimated using the mass conservation:

%%w—ﬁ%=f@“—@ (3.24)

Introducing the dimensionless supersaturation Q = (¢ — ¢"?)/(c?” — ¢"?), and combining

equations 3.22, 3.23 and 3.24, the velocity is given by:

dz* D _c—c? 1
_d _ D L 2
v dt 2 —¢ (3.25)
Most of the times, it can be assumed that (c?” —¢) ~ (¢’ — ¢?), then:
dz* D _,1
=— == 2
¥ dt 2z (3:26)

Integration leads to:

2t =QVDt (3.27)

The precipitate size therefore varies with the square root of time, giving the classical

parabolic law for one-dimensional growth in a binary system.
3.3.c Capillarity effects on the interface compositions

As explained above, in diffusion-controlled growth, the interface compositions are given
by the equilibrium phase diagram. However, these diagrams are calculated assuming
phases extending indefinitely, that is without surfaces. In the case of precipitation, this
is not always a realistic approximation, and the influence of surface energy has to be
accounted for.

When a small particle with a curved interface grows, the work done to increase the
interface area is not negligible and results in a modification of the expected composition.

This is known as the Gibbs-Thomson or capillarity effect [84].
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Figure 3.7: Schematic illustration of Gibbs energy and interface composition
changes due to the capillarity effect in a binary system. This is a simplified case
where the composition of the precipitate is assumed to be constant.

For a curved interface, the increase in Gibbs energy due to the expanding area is given
by (figure 3.7), [84]:
Go(r) — Gy = 097@ (3.28)
dn
where o0y, is the energy per unit area of the interface between the matrix and the precipi-
tate, and dO/dn is the increase of interface area when a mole of component is transfered
to the precipitate.
For a spherical geometry, the term dO/dn becomes 2V? /r where V¢ is the molar
volume of # and r the radius of curvature. The calculation of the interface compositions

change is given further attention in chapter 5.

3.4 Overall transformation kinetics

As mentioned before, to model multiple precipitation reactions, it is necessary to
account for the impingement effects. There are two such effects: soft-impingement occurs
because of the diffusion fields overlap, while hard-impingement is due to contact between

the particles.
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3.4.a Soft-impingement

In an overall model for precipitation, soft-impingement can be dealt with by using the
mean field approximation, in which ¢ is not a function of spatial coordinates. It is reduced
in agreement with the amount of solute partitioned into the growing precipitates.

Although the validity of this approximation can be discussed when localised precipi-
tation phenomena are dealt with, it is nevertheless extremely useful to avoid recurring to

a model requiring spatial coordinates.
3.4.b Hard-impingement: the Avrami equation

We consider the precipitation of # in a matrix v, whose initial volume is V. The
nucleation and isotropic growth rates, respectively I and i are known. The volume of a

precipitate nucleated at time 7 is, at time ¢:
w, = CY3(t — 7)°

where C' is a shape factor, 47 /3 if the precipitate is spherical.

\Y

Step 3

Figure 3.8: The different contributions to the extended volume.

The basic assumption at this stage of the derivation of Avrami’s equation is that

nucleation and growth occur both in the transformed and untransformed regions, although



3.4 Overall transformation kinetics 65

it is clear that in reality, neither nucleation nor growth are possible in transformed regions.
With this assumption, the number of particles nucleated between 7 and 7 4 d7 is simply
1V dr, and therefore the contribution of these particles to the total volume of 6 at time ¢
is :

dVy = w, IVdr
The superscript e signifies that this is not a real volume, but an extended volume, because
of the assumption made above. The total extended volume is simply the sum of all

contributions from particles nucleated between 0 and ¢:
t
Vi = / wIVdr
7=0

The change in real volume can be derived by writing:

Va c
d%:<1—7> dv;

i.e. the change in real volume is the proportion of the change in extended volume which
occurred in the untransformed volume. Assuming I and v to be independent of time, an
analytical solution for the volume fraction of € is immediately derived:

V(@) =1—exp (—CIZ)?’#I)

3.4.c Modification for simultaneous reactions

Obviously, the Avrami equation as introduced above is only able to deal with a single
reaction, or a succession of independent reactions. This is not satisfying for the description
of multiple precipitation reactions which clearly interact with each other, by competing
for solute and nucleation sites. Robson and Bhadeshia [88] proposed a modification of
this equation as follows.

If two phases # and < can form from a volume V of v with different growth and
nucleation rates, we still can write the contribution of the ones nucleated between 7 and

T+ d7 as:

AV = CyiILV(t —7)°dr (3.29)
dve = C¢3LV(t—r7)’dr
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but when correcting for the extended volume:

Va+ V4 4ore
dv, = <1—77>dv,,
Vo+ Vo \ 4ore
dV7:<1— - 7)dv7

The extension to multiple reactions is immediate:

Zi V; e
dv; = (1 - =) v (3.30)

However, such systems have no general analytical solution if no relationship is assumed

between the parameters of the two phases (nucleation and growth rates).

3.5 Summary

The CALPHAD method, which is at the heart of the prediction of the phase behaviour
of complex systems, has been presented briefly, together with the format of the SGTE
databases used with most thermodynamic calculation packages such as MT-DATA or
ThermoCalc.

Physical models for nucleation and growth of a single particle rely on the availability
of thermodynamic information such as the Gibbs energy change during precipitation, or
the equilibrium interface composition. Simple models have been presented for nucleation
and growth, the latter being given more attention in chapter 4.

The overall precipitation phenomenon cannot be modelled accurately without account-
ing for interactions between the different particles. Soft-impingement can be dealt with
using the mean-field approximation while the concept of extended volume, modified for

multiple precipitation reactions, provides a solution to the hard-impingement problem.



Chapter 4

The growth rate of precipitates

4.1 Introduction

Calculating the diffusion-controlled growth rate is a problem which has received con-
siderable attention, but for which solutions can still be classed in two categories. On
the one hand, relatively complex mathematical approaches are used to solve the growth
equation with as few assumptions as possible, or to account rigorously for the geometry
of the growing particles, etc. (e.g. [89, 90, 91]). However, such approaches are difficult
to use for practical purposes, as they often introduce quantities which are not known
(for example, the cross-diffusion coefficients). On the other hand, solutions which are of
practical interest rely on approximations which can be judged more or less important,
but allow the calculations to be performed relatively easily and use parameters known for
most materials (e.g. [92, 88, 93]).

In this work, an attempt is made to build as general a model as possible, while avoiding
unnecessary approximations. For this reason, when possible, the diffusion coefficients of
the components involved in the growth of the different precipitates found in austenitic
stainless steels are calculated internally, and the use of MT-DATA removes the need for
inputs such as the maximum volume fraction of a given phase, its composition, driving

force, etc.
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4.2 Calculation of the diffusion coefficients

4.2.a Calculation of the carbon diffusivity

As can be seen from the published literature [94], the diffusivity of carbon in austenite
in the Fe-Cr-Ni-C system is strongly dependent on the composition. There are two main
advantages in calculating the carbon diffusivity within the framework of any model cre-
ated, rather than having it as an input. One is to considerably ease the task of the user
who does not have to find a value in the literature for the particular composition being
used. The other is that it may allow extrapolation to values which might not be found in
the literature. The calculation of the carbon chemical diffusivity was done as suggested
by Jonsson [94]. In his assessment of the carbon mobility in C-Cr-Fe-Ni alloys, Jénsson
uses the multicomponent diffusion theory [95] and writes the chemical diffusivity of car-
bon, under the assumption that the concentration gradients of substitutional elements

are negligible throughout the specimen, as:
D¢ = RTyy MgV (4.1)

where D¢ is the chemical diffusivity of carbon, yy, the fraction of vacant sites on the
interstitial sublattice, M the mobility of carbon, and ¥ the thermodynamic factor defined
by:

cc Ouc
=——_ 4.2
RT 860 ( )
where C¢ is the molar concentration of carbon. Jonsson then expresses the mobility Mq
o o\ 1 1 AG
Me = M. — )57 = B c 4.
¢ eXp(RT)RT RTeXp< RT) (4:3)

where M, is a frequency factor, Q¢ an activation enthalpy and AG} = RT®- — Q¢, with
& defined by M, = exp (®¢). Using the CALPHAD approach to model the composition
dependency of the mobility, it is easier to fit the quantity AGF, than the frequency factor
and activation enthalpy separately [94]. The quantity AGY, is therefore fitted using a
sublattice model 4.4:

i
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Y3 wm (Z "AGEL (y; — yj)r>

i g>i 1 r
5953 ST PSRN AIVEAlS IR

i1 m>l r
where the indices indicate which species occupies the different sublattices, separated by a
colon, for example AG* "V is for Cr on the first sublattice with nothing on the second
(vacancy), AG* F&¢TVa i5 an interaction parameter for Fe and Cr on the first sublattice

with nothing on the second. y; is the fraction of the sites occupied by species ¢ on its

7 are expressed as polynomials

sublattice. If necessary, the individual parameters AG*Ci:
of the temperature.

Jonsson [94] provides the parameters for the mobility of carbon in austenite for Fe-Cr-
Ni-C alloys, so that the influence of the Cr, Ni and C content on the diffusion coefficient
of carbon in this phase can be calculated. These data have been used to calculate the
diffusion coefficient of carbon within a FORTRAN (formula translation) program written
to model the nucleation and growth of precipitates in austenitic stainless steels. The
influence of other elements commonly found in such steels (e.g. Mo, Mn, Si, N, etc.)
is only present as a modification of the site occupancy fractions for Fe, Cr, Ni and C,
but there are no specific parameters. As is explained later, this FORTRAN program
is interfaced with a library of subroutines which enable the use of MT-DATA internally.
Therefore it is not a problem to calculate terms such as ¥ defined by equation 4.2. Typical

calculated values are shown in table 4.1.

Material NE709 AISI 304
Do/ m? st | 4.87 x 1071 | 5.86 x 10713

Table 4.1: Typical calculated values for the chemical diffusivity of C in austenite at
1023 K, composition of these two steels can be found in table 1.1.

4.2.b The diffusivity of Fe, Cr and Ni

The same approach was used for Fe, Cr and Ni which allows diffusivity coefficient to
be calculated within the program mentioned above, parameters were found in [36] and
[96]. Table 4.2 shows examples of calculated diffusion coefficients for Cr, compared with

values found in literature:



4.3 Calculation of the growth rate 70

Material Calculated Literature
AIST 316 [97] | 89 x 107 m? s™' | 6.2 x 1079 m? s™!
16Cr-14Ni [98] | 5.54 x 1071 m? s7! | 5.50 x 107 m? 5!

Table 4.2: The diffusion coefficient of Cr in AISI 316 at 750 °C as calculated and
found in different studies.

4.3 Calculation of the growth rate

The problem of calculating the growth rate is two-fold: firstly, it is necessary to be
able to calculate the growth rate as a function of the supersaturation, that is as a function
of the concentration profile at the interface. Secondly, it is necessary to determine the

interface compositions which in turn fixes the supersaturation.
4.3.a Calculating the growth rate in a binary system

This section deals with the diffusion-controlled growth of a precipitate # in a matrix

v, for a binary system. Under these conditions, the flux of solute in the matrix is given
by:

J=—-DVc (4.5)

where J is the flux of solute, D its diffusion coefficient in the matrix and ¢ the molar or
mass concentration, depending on the flux of interest. The growth rate v of # is usually
calculated by solving the diffusion equation, and equating the flux of solute to the amount

incorporated into @ (figure 4.1 and equation 4.6):
(=) =T (4.6)

where ¢?” is the concentration of solute in the precipitate in equilibrium with the matrix
and ¢’ the composition of the matrix in equilibrium with the precipitate. As is shown in
figure 4.1, it is essential that the interface compositions are known in order to solve the
problem. Under the assumption of local equilibrium, these are given by the equilibrium
phase diagram. There are various effects which might cause a departure from local equi-
librium, such as the effect of interface energy, the existence of stresses and the solute-drag
effect (a review of these effects can be found in [99]). Much work has been dedicated
to the treatment of multicomponent capillarity, which is presented in chapter 5. Other

effects are assumed to be negligible.
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Figure 4.1: The concentration profile of the solute as a function of the distance from
the interface matrix / precipitate. r is the coordinate of the interface between the
matrix and the precipitate, ¢ is the bulk alloy composition. The shaded area represents
the amount of solute incorporated in the precipitate during a small amount of time.
It must be equal to the amount of solute brought at the interface by the diffusion in
the matrix.

For planar, cylindrical or spherical geometries, the growth rate can be generally ex-

pressed by [84]:
VD

— 4.7
v=20 (.7
where 1) is the velocity of the interface, ¢ is the time, and S is the solution of:

_s
Si =920 M (4.8)

®;(5)
where Q, the supersaturation, is defined by Q = (¢ — ¢%)/(c? — ¢"?), and j is 1,2 or 3
depending on the geometry of the problem: planar, cylindrical and spherical respectively.
®;(S) is given by:

B,(S) = /S "t exp (-%) du (4.9)

In cases where (2 is very close to 0 or very close to 1, asymptotic expansions can easily
be found for the planar and spherical cases, by rewriting ® using the erfc function and
expanding the latter to the first terms of its equivalent series. The following results are
obtained:

For small supersaturations (2 — 0):

2
golenar = Q) (4.10)

/T
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Sspherical — \/ﬁ ( 4'11)

For large supersaturations (2 — 1):

Gplanar - — <_139> (4.12)

; 6
spherical — 4.1
s (_1 L Q) (4.13)

t  Calculation of the exact solution
Although equation 4.8 can be solved using a FORTRAN program, this is not straight-
forward, particularly at large supersaturations, where the different terms have to be calcu-

lated in a carefully chosen order to avoid exceeding the limits of most computers. Instead,

100 ¢ 1¢
10 ¢ 1 0.1

, : ,

1t 1 ) 0.01¢

) i 2

0.1+t 1 % 0.001 ¢

[ad L
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0 02 04 06 038 1

Q

Figure 4.2: (I) The exact solution for the growth of a planar interface (a), and the
approximations for small (b) and large (c) supersaturations. (II) The relative error
(error due to method / exact solution) due to the use of equation 4.12 (a) and to the
linear interpolation between calculated points (b).

a freely available mathematic package called Scilab (http://www-rocq.inria.fr/scilab/)
was used to create a file containing the solutions for 500 points between 0 and 1. Inter-
mediate values are found by linear interpolation. However, at large supersaturations, the
error caused by this method becomes important. By comparing the relative error obtained
by the linear interpolation and the use of the asymptotic expansions (figure 4.2), it was

possible to optimise the use of one or another method as a function of the supersaturation.
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As can be seen in figure 4.2, the relative error is always kept below 1% if the solution
is calculated using equation 4.12 when €2 > 0.994 while the linear interpolation between
pre-calculated points gives a very reasonable error down to 2 = 0. A similar method was
used to calculate the growth rate of a spherical interface, and gave 2 = 0.990 as the value
above which it was preferable to use equation 4.13. A considerable calculation time is

gained by this procedure, which almost reduces the calculation of S to a memory access.
4.3.b Calculation of the growth rate in a multicomponent alloy

The extension of the method described above is far from straightforward, as different
effects appear in multicomponent systems, which, it is shown in this section, can not be

reasonably neglected.

1 The flur balance

The discussion that follows considers a ternary system as an example, but can be
extended easily to a larger number of components.

Figure 4.3 illustrates the case of a ternary system in which a matrix + is in equilibrium
with a precipitate #. The bulk composition corresponds to point P, and the equilibrium
tie-line is that going through P. This tie-line defines diffusion profiles as illustrated, for
which the supersaturations are all equal.

However, the elements involved often have very different diffusivities. For example,
with Cr and C in austenite, the diffusion coefficients differ by a ratio of about about 10°
at 750 °C. Therefore the concentration profiles defined by the mass-balance tie-line do

not, in general, satisfy the following set of equations for a unique interface velocity :
ho= v (d-d)
Jo = (037 — cge> (4.14)

or, taking the problem in the other sense, the diffusion profiles of the different elements,
as fixed by the mass-balance tie-line, lead to different values of the interface velocity.
But there is no reason to select the equilibrium tie-line, that going through P, as the
one defining the interface compositions. The mass-balance equations are no longer the
determining constraints and must be replaced by equations 4.14. The tie-line fixed by

these conditions will be referred to as the flux-balance tie-line.
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Figure 4.3: The flux-balance fixed tie-line going through M, can be quite different
from the mass-balance fixed one, that passes through P, the bulk composition. In the
case where 1 diffuses much faster than 2, its gradient may be strongly reduced.

1 The problem of identifying the flur-balance tie-line

Although the problem of identifying the flux-balance tie-line has received attention in
a number of studies [89, 90|, it remains, in practice, difficult to solve. If one is to account
for this effect within a model describing the evolution of the precipitation, one needs to
have access to the entire phase diagram for the phases concerned, and not, as is the case
with binary system, just the interface compositions.

Earlier approaches by Fujita and Bhadeshia [93] have used simple analytical expres-
sions to fit the phase boundary in the ternary system of interest. However, there are
serious limitations to this method: first, the use of the model will be restricted to those
systems for which the phase boundary have been fitted by a function, and second, the

method is extremely difficult to extend to systems of more than three components.



4.3 Calculation of the growth rate 75

The application interface of the thermodynamic calculation software MT-DATA [3]
was used to provide an algorithm able to solve the problem in any system described in
the SGTE (or any other) databases. It consists of a library of subroutines which can be
called within a FORTRAN program to perform thermodynamic calculations with MT-
DATA.

Before presenting the algorithm which was written to solve this problem in a general
manner, it is necessary to look more carefully at the set of equations 4.14, and particularly
at the fluxes. In multicomponent system, the flux of component i is related to the various

concentration gradients according to:

Ji = —Dchi — Z DUVCJ’ (415)

J#i
where the cross-diffusion terms (D;;Vc;) arise because the gradient of components other
than ¢ can modify its chemical potential. In the following, cross-diffusion terms have been
neglected. Without this assumption, which is further discussed later, it is not possible to

use equation 4.7.

4.3.c An algorithm to determine the tie-line satisfying the flux-
balance

In this method, the velocity v; (the index indicating which component profile is used)
of the interface is calculated independently for each component composition profile, which
implies that cross-diffusion terms in equation 4.15 are neglected. The aim is to find the
tie-line for which all the 1; are identical. This is in fact reduced to equating the S;v/D;,
as shown by equation 4.7.

Figure 4.4 describes how the tie-line satisfying the flux-balance is identified in a pseudo-
ternary system. Pseudo-ternary refers to a ternary sub-system of a multicomponent sys-
tem. We consider here the example of the growth of My3Cg. For the mass-balance tie-line,
C and Cr have the same supersaturation (¢ = Q¢ ), hence S¢ = S¢r. However C diffuses
much faster than Cr, and therefore ¢, as calculated from the C concentration profile, will
be much larger than ¢¢,. The tie-line eventually giving ¢, = 1¢ considerably reduces
Q¢ and increases Q¢;.

In systems with more than three components, this is repeated in a nested manner. For

example, a first modification is done on Mo, which gives a new pseudo-ternary system in
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Figure 4.4: The algorithm written to find the tie-line satisfying the flux-balance in
any system described in the databases used by MT-DATA; for each component the
step is initially set to a tenth of its total amount.

which this algorithm is applied, to Cr and C. When the tie-line is found, the fluxes of Cr
and C are identical, and need to be compared to that of Mo. The amount of Mo can then
be corrected and the procedure repeated until the tie-line that gives identical fluxes for
all elements involved is found.

This method is computer intensive, essentially because it is not possible to interact
with MT-DATA on a low level and replace the mass balance constraint directly in the

Gibbs energy optimisation process.

4.4 QOverall kinetics

The overall kinetic is presented in chapter 6. For comparisons made later, it is however

necessary to introduce the concept of soft-impingement.
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When many precipitates form in the same matrix, whether they are of same or different
nature, they compete for solute. To represent this, the mean-field approximation is used,
in which the composition ¢; is updated to reflect the amount of component ¢ which has

been incorporated during a time step by the various precipitates.

4.5 Consequences

4.5.a The growth rate

The growth rate calculated assuming that Cr and C control the process was found to

be more than an order of magnitude larger than the one calculated assuming Cr control

alone.
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Figure 4.5: (I) Comparison between the calculated growth rates for Ma3Cg at
650 °C, in AISI 316 [97], with and without soft-impingement, under control of both
Cr and C diffusion. (IT) Comparison, without soft impingement, of the growth rate
of a My3Cq particle nucleated at ¢t = 0, at 650 °C, under Cr control alone, and Cr
and C control.

Figure 4.5(I), shows the predicted radius of a My3Cs precipitate nucleated at ¢ = 0,
with and without accounting for soft impingement, which can have a strong effect on
the growth rate. Since the purpose is here to compare the growth rates under different
hypotheses and since the role of soft impingement is itself dependent on the growth

rates, this effect has been removed to facilitate further comparisons. This means that
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growth curves can only be representative of the real phenomenon at the early stages of
the precipitation.

Figure 4.5(IT) compares the growth rate under Cr and C diffusion control and under
Cr diffusion control alone. In this situation, because of the very large difference between
the diffusivity of carbon and chromium in austenite, the tie-line found to satisfy the flux-
balance is virtually bringing the carbon gradient to zero (tie-line going through M in figure
4.3). As a consequence, at the early stages of precipitation, the composition of Ms3Cs
and of the surrounding austenite, are expected to be fairly different from the equilibrium

values.
4.5.b The composition of Ms3Cq in the Fe-Cr-Ni-C system

Several observations can be found which report an increasing Cr/Fe ratio during the
growth of Mg3Cg (section 2.1.c). Table 4.3 shows the expected Ma3Cg composition at
equilibrium, and the composition at the beginning of precipitation. As observed, the

Cr/Fe ratio is much smaller at the onset of precipitation than for the equilibrium.

Element Fe Cr Mo Mn
Wt% (I) 4.7 | 64.61 | 9.95 | 0.001

650°°C |\ (1) | 49.12 | 20.05 | 10.12 | 0.006
200 °C | Wi% (I) | 7.9 [62.37 [ 9.03 | 0.005
Wt% (I1) | 31.46 | 38.50 | 9.31 | 0.016

Table 4.3: The substitutional composition of M,3Cg in two different cases:
I is for the mass balance and II for the flux balance as calculated in this
project. The steel composition was 17.5 Cr, 12.3 Ni, 2.5 Mo, 1.6 Mn,
0.07 C wt%, as in [97].

4.5.c Number of components accounted for

The number of components that can be accounted for in the calculation is firstly
limited by the thermodynamic databases. Phases such as NbN, TiN and similar phases
are modeled as pure substances in the SGTE databases, so that it is not possible to
predict a change of composition, although, as explained in chapter 2, many works have
reported variations in the composition and stoichiometry of these phases during growth.

In the case of My3Cg, the elements Fe, Cr, Mo, Mn, Ni, and C can be included.



4.6 Comparisons and discussions 79

However, including minor elements such as Mo, Ni and Mn has little influence over the
growth rate calculated with Cr and C diffusion, but greatly increases the computation
time. For this reason, in the above calculations and following comparisons, only the

diffusion of Cr and C have been used to calculate the growth rates.

4.6 Comparisons and discussions

Figure 4.6 shows the experimental results obtained by Zahumensky et al. [97] for a
AISI 316 steel at 650 °C and 800 °C. As can be seen, the agreement is relatively poor since
the experimental points lie in between the two curves corresponding to the Cr diffusion-
controlled growth and the multicomponent growth (accounting for Cr and C diffusion).

Furthermore, while the above method predicts a reduction of Cr/Fe well below 1 (40 Fe,
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Figure 4.6: Comparison between predicted (lines) and measured (points) radii of
M33Cq for the AISI 316 steel in [97], at (I) 650 °C and (IT) 800 °C.

30 Cr wt%), the measurements made by Boeuf et al. [100] on an AISI 304 stainless steel
report a Cr/Fe ratio slightly greater than 2 in the same conditions.

The overprediction of the radius can be partially attributed to the fact that soft-
impingement is not accounted for. As shown in figure 4.5, soft-impingement flattens the
growth curve considerably and quite early. But it appears that the difference is larger
than could be attributed to this effect alone. Also, the absence of soft-impingement cannot

explain why the compositions are different from the observations made by Boeuf et al.
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As mentioned before, this method is based on the commonly used (e.g. [92, 88, 93])
assumption that the cross-diffusion terms in equation 4.15 are negligible, however, both
the exaggerated growth rate and composition change indicate that this is not the case.

Applying equation 4.15 to the example of Ms3Cg, two fluxes have to be considered:

Jo = —DcVee — DocerVeer
JCr = _DCTVCCT_DCTCVCC (416)

When the tie-line reaches point M in figure 4.3, the carbon gradient is almost reduced to
zero, but there is a strong gradient of chromium concentration, so that even if D¢, < Dg,
it is not possible to conclude that D¢, Ve, < DcVee since Veg, > Vee.

Difficulties arising from the inclusion of cross-diffusion terms have been presented be-
fore. However, the following solution avoids this difficulty: in the most general formalism,
it is a gradient of activity that drives diffusion. By reducing the gradient of carbon ac-
tivity rather than its concentration gradient, it can be ensured that the carbon flux is
really reaching a minimum. Furthermore, it can be considered, at this point, that the
effect of the remaining carbon gradient on the activity of chromium is negligible, therefore
allowing to identify J¢, to —Dc,Vee,. This means that the growth rate can be calculated
by using the diffusion of chromium alone at the point where there is no carbon activity
gradient. The following section describes the implementation of this method and the

results obtained.

4.7 Improvement in the calculation of the flux-balance
tie-line

Instead of reducing the carbon gradient and finding the tie-line which gives identical
fluxes (under the assumption that cross-diffusion is negligible), the algorithm described in
figure 4.4 was modified to find the interface composition for which the activity of carbon
was equal to the far-field one. When this tie-line is found, the velocity of the interface is
assumed to be that given by the diffusion of chromium.

As shown in figure 4.7 the agreement between the calculated and measured radii of
My3Ce in AISI 316 is considerably improved. Without doubt, the overpredicted size of
M,3C¢ after 10 h at 800 °C is due to the absence of soft-impingement, this temperature
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Figure 4.7: The radius of Ms3Cs at (I) 650 °C and (II) 800 °C. The agreement is
best for the growth rate calculated with no gradient of carbon activity.

corresponding roughly to the nose of the TTT (time temperature transformation) curve

for this category of steels [4], where the transformation is finished in a matter of hours.

The composition of My3Cg at the beginning of precipitation was calculated for the
AISI 304 studied by Boeuf et al. [100]. Table 4.4 sumarises the observed initial Cr/Fe
ratio and the calculated ones, using a zero gradient of carbon concentration and a zero

gradient of carbon activity. The last method, which gives very satisfying predictions of

the radius, also predicts well the Cr/Fe ratio.

Equilibrium

Boeuf et al. at t =0
Flux balance
Carbon isoactivity

Cr/Fe ratio
12
2.1
0.72
2.2

Table 4.4: The Cr/Fe ratio in Ma3Cg in different cases, for the AISI 304 steel studied
by Boeuf et al.. The last method clearly gives satisfying agreement with experimental

results.
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4.8 Summary and conclusions

A FORTRAN program has been written, interfaced with the thermodynamic calcu-
lation software MT-DATA, to solve the problem of growth in multicomponent systems.
It is shown that, although this approximation has been often used, neglecting the cross-
diffusion terms is particularly inappropriate when trying to equate the fluxes, and lead
to unrealistic results. A method has been proposed to solve the problem more rigorously
without having to include such terms, by considering the activity of carbon. This last
method predicts correctly not only the growth rate, but also the change in the My3Cq

composition.



Chapter 5

Capillarity in multicomponent
systems

In the preceding chapter, it was assumed that the interface between the matrix and the
growing precipitate was under local equilibrium, therefore allowing the use of the equi-
librium phase diagram to determine its composition. It was also mentioned that several
effects may invalidate this hypothesis. In particular, capillarity, which is a modification
of the interface equilibrium due to the contribution of the interface energy, affects par-
ticularly the early stages of growth. Capillarity is also at the origin of the coarsening
phenomenon.

Because the problem of multicomponent capillarity has no simple solutions, many
works have used the Gibbs-Thomson equation developed for a binary system. In this
chapter, the validity of this approach is discussed, and two better methods are proposed

and compared.

5.1 Introduction

As presented in chapter 3, the CALPHAD method allows predictions of the phase
behaviour of complex, multicomponent systems. Software such as MT-DATA or Ther-
moCalc use thermodynamic databases to calculate equilibrium phase compositions and
amounts for given composition, temperature and pressure. However, the equilibrium at an
interface between two phases can be modified by curvature, an effect commonly referred

to as “capillarity”, and most often described by the Gibbs-Thomson equation (e.g. [101]



5.2 Capillarity effects in a binary two phase system 84

page 149). These concepts have been introduced in chapter 3.

There are two aspects in the treatment of the capillarity problem. One solution is to
re-calculate the thermodynamic equilibrium when the Gibbs free energy of one phase is
raised by an amount which allows for the creation of new interfacial energy as the particle
grows (Eq. 22.29 in [84]). This is possible using thermodynamic calculation packages
such as MT-DATA, as described later.

On the other hand, there is an interest in being able to estimate the capillarity correc-
tion without such software, particularly when this correction has to be estimated within
a separate model. For binary solutions, this can be done using the Gibbs-Thomson equa-
tion, or a generalised form for multicomponent alloys.

In the following, a two-phase system is considered, with the matrix referred to as y
and the precipitate as 6. The problem is to estimate how the equilibrium between the two
phases is modified when the Gibbs energy of 6 is raised by a given amount, in the case of
capillarity, 0,9 00/0n; 0,9 being the /6 interface energy per unit area, and 0O/0n the

increase in area when the number of moles n of 8 increases.

5.2 Capillarity effects in a binary two phase system

The solution of the capillarity problem in a binary, two-phase system is well known
and is presented here to be used as a guide towards the solution in a ternary system.
This section is essentially after Hillert [101]. A binary system A-B is considered, with two
phases v and 6.

The precipitate @ is here considered to have a fixed chemical composition. Figure 5.1
illustrates the problem: the Gibbs free energy of 6 (Gy) is raised by a term o, 00 /0n.
The mathematical treatment is however more readable and easier to develop rigorously if
the Gibbs energy addition is written in a general manner, V¢ AP where V¢ is the molar
volume of  and AP = [ dP a pressure increase.

The initial interface compositions are given by the two contact points of the common
tangent to the v and # free energy curves. If the difference in composition between the
matrix and the precipitate is sufficiently large, when compared to the composition change
due to capillarity, the addition of V.Y d P causes the slope of the common tangent to change

as:
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XY8(pP) X'(P+dpP) x8Y

Figure 5.1: The effect of an increase in the Gibbs energy of a stoichiometric com-
pound 6@ on the matrix composition. G denotes the Gibbs energy of the phase iden-
tified by the subscript.

(2% — 27%)dp = V2dP (5.1)

where 297 is the mole fraction of solute in phase  in equilibrium with -, similarly for z7?;

dy is the difference between the slopes at the two contact points (figure 5.1):
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where dz7? = 27%(P+dP)—2"?(P) is the composition change of the matrix in equilibrium

with the precipitate. Assuming a dilute solution:

0°G, RT

or? v

(5.3)
therefore:
z? VTdeP

0 — 27 RT

and for a reasonably small change, it is possible to integrate assuming that % — 2% is

dz"? =

(5.4)

constant:
% (P) VOAP

2 (P=0)  RT(@" —27)

In

(5.5)
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This is valid regardless of the nature of the Gibbs energy increase; in the case of
capillarity with a spherical interface of radius r, P = 0 corresponds to a flat interface,

that is 7 = 0o, and the increase of Gibbs energy is 2V7fla7.9 /7, so that:

(r)  2VP0, 1

% (r = 00) r  RT(z% — z7?) (56)

In

5.3 Ternary systems

Probably because the literature does not offer a simple solution for multicomponent
capillarity, various works dealing with multicomponent alloys have used either the stan-
dard form of the Gibbs-Thomson equation, or methods based on it.

For example, Faulkner [102] used directly the Gibbs-Thomson equation to calculate
the influence of the curvature of My3Cg on the expected chromium content of the sur-
rounding austenite, in an austenitic steel (Fe-18Cr-10Ni-Mn-C wt%). Such a procedure
was recognised to be incorrect by Fujita and Bhadeshia [93] since the binary equation gives
a different critical radius (at which growth becomes impossible) for each of the solutes in
a multicomponent solution. However, the technique used by Fujita and Bhadeshia, who
used the Gibbs-Thomson equation for a particle with a fixed radius and then calculated
the capillarity corrected phase boundary, also has its problems. In a multicomponent
system, the different components are not independent, and this does not appear when
equation 5.6 is applied in turn to each component.

Consider now a ternary system A-B-C where C'is the solvent. The mole fractions of
A and B in both the matrix () and the precipitate (6) are likely to be modified by the
curvature of the interface and are therefore functions of r.

The derivation of a correct set of equations is better understood with the help of figure
5.2. MN is an equilibrium tie-line as shown in figure 5.2. Since it is assumed that the
composition of 8 is constant, the new tie-line M’N’ will remain in the same vertical plane.

Equation 5.1 becomes:

Zdp=Vidp (5.7)

where Z is the distance between the compositions defined by M and N. Considering the

change of slope along the tie-line, it can be shown, using the same idea as in equation 5.2,
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C

Figure 5.2: The effect of raising the molar Gibbs energy of the § phase in a ternary system.
The points of contact with the tangent plane, M and N move to M’ and N’. Gy + V.2 dP has
its minimum value at N'.

that:

2 Y Y 2 Y Y
ox, Oz, 0x o, Oz 4 0x

2 2 2 2
Vedp = (aa G7+b oG, )dx},+(ba G7+a 9 Gy )dx}; (5.8)

where a = (2% —27) and b = (2% —27%). Equation 5.8 is in fact similar to the one proposed
by Morral and Purdy [103], since V,% dP is replaced by 2V /r for a spherical particle:

(][] [pa) = 220V

(5.9)
where ( ] indicates a row vector, while [ ) a column vector, and the matrix [G] is defined
by:

0*G,
63:1-6%-

If a dilute solution is assumed, the cross derivatives are zero and the others can be es-

Gij =

(5.10)

timated as in equation 5.3. Given that dz’,/dz} = (2% — z})/(2% — x}), equation 5.8
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becomes:

azx), VAP
a’cl + v’z RT

4
dz)y

0 v
dzl, = H da’, (5.11)
These equations involve, as expected, both 27y and z7%; the system can easily be integrated
numerically, and there is no difficulty in generalising to any number of components. For
n components a system of (n — 1) equations are obtained.

It is noticeable that the interdependence does not require the presence of thermody-
namic interactions between the components, as equation 5.11 has been derived assuming
an ideal solution. Rather, the interdependence can be explained, geometrically, by the
need to consider the slope along the tie-line. Applying directly the Gibbs-Thomson equa-
tion is equivalent to consider individually the components of this slope along the axis x4
and zp.

It would be useful to compare these solutions against an exact calculation done using
MT-DATA, in which the capillarity effect can be incorporated by raising the free energy
of one of the phases by a quantity AP V! equivalent to 000 /0n.

5.4 An exact calculation using MT-DATA

Softwares such as MT-DATA rely on thermodynamic solution models to estimate the
Gibbs energy of a given phase. Such models have been presented in chapter 3. The Gibbs
energy of a phase like austenite is usually calculated using a sublattice model [81], which
involves, in particular, terms called unaries (G?:j in eq. 5.12) which, for the example of a

phase with two sublattices, contribute to the total free energy as follows:
Gunarz’es = Z Z yzly][IG?] (512)
iel jeIl

where [ is the first sublattice and IT the second, i are all the elements able to enter the
first sublattice and j those entering on the second, y! the site fraction occupancy on the

first sublattice by element 7. Most commonly, temperature and pressure dependence of
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the unaries are described using the G-HSER format [83]:

P
G —H%R = g4 0T+ cTInT +eT?+ fT? + i/T+/ vETap (5.13)

0

in which GTF is the molar Gibbs energy at (T, P) and H°P® is the enthalpy of the element
or substance in its defined reference state at 298.15 K. Although the data contained in the
SGTE solutions and substances databases do not include any pressure dependent terms
for most of the condensed phases, it is possible to construct modified databases containing
such terms. In the case of a sublattice model, one has to modify all the unaries for a given
phase. By inserting a constant molar volume in the databases, one can, while using MT-
DATA, add a given Gibbs energy to the phase of interest by setting the pressure to the
appropriate value. As an example, table 5.1 lists all the non-zero unaries data for My3Cg
(three sublattices).

Cr:Cr:C | Fe:Cr:C | Mn:Cr:C | Ni:Cr:C | V:Mn:C
Cr:Fe:C | Fe:Fe:C | Mn:Fe:C | Ni:Fe:C

Cr:Mn:C | Fe:Mn:C | Mn:Mn:C | Ni:Ni:C

Cr:Mo:C | Fe:Mo:C

Cr:Ni:C | Fe:Ni:C

Cr:V:.C Fe:V:C Mn:V:C V:V:C

Table 5.1: Some unaries data for Ma3Cg. Missing unary like Mn:Mo:C have to be
created so that the sum in equation 5.12 adds up to one mole of component. However,
most of the time, missing unaries may make insignificant contributions as they involve
minor elements.

For phases such as NbN, TiN, etc... which are modelled as pure substances, however,
the SGTE databases often only contain coefficients to describe the temperature depen-
dence of the heat capacity. This format does not accept pressure dependent terms and it
was therefore necessary to create datasets in the G-HSER format for the relevant phases.
In the Cp-format [83], the variation of the heat capacity within the temperature range i,
for which T' € [Tinin i, Tinin i+1] Where Ty is the minimum temperature for the range 4,
is given by:

Cpi(T) = Ai + B; T + C; T + D; T2 (5.14)

with possibly a transition term A;H; between the ranges ¢ and 7 + 1, the parameters

required for the G-HSER format can be calculated from the relationships between Gibbs
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energy and heat capacity:
a; = H(Tmini) — Ai Tming — Bi Tinini/2 — Ci T i/3 + Di/Trningi
bi = A = S(Tming) + Ai 0(Tonini) + Bi Toningi + Ci Tin i/2 = Dif (2 T
c;, = —AZ
€ = —CZ/6
fr = —=Di/2
Tmin,j+1
H(Tping) = AH(298)+) ( / cpde> +) (AH)
j<i \YTmin.j j<i
Trin,j+1 CP' AtH—
S(Twing) = S —LdT — 5.15
(Toiny) +Z</ ; >+2(Tm) (5.15)

where enthalpies and entropies, AyH(298), Sqgg, and the A;H; are found in the databases.

A pressure dependence term was added to various precipitates expected to form in

steels, so as to increase the molar Gibbs energy of the phases of interest by 107% J per Pa.

In this way, setting a pressure of 1 Pa allows the user to perform an ordinary equilibrium

calculation since the added Gibbs energy is negligible.
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Figure 5.3: Verification of the effect of pressure setting on the Gibbs energy of NbN
and My3Cg calculated with MT-DATA. The calculation using the original database
(a) is identical to that with the modified database and the pressure set to P = 1 Pa
(b). Setting the pressure to P = 10'° Pa raises the Gibbs energy of the phases by
10* J per mole of components (c).

Databases incorporating such
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modifications have been created for Mg3Cg, HCP_A3 (e.g. CraN, Moy,C), NbN, TiN, NbC
and TiC, NbCy 479, NbCyg77C and NbggsC. Figure 5.3 shows the Gibbs energy of NbN
and My3Cg calculated in different conditions. By setting the pressure to 1 Pa when using
a thermodynamic calculation software such as MT-DATA or ThermoCalc in conjunction
with the modified databases, the user can calculate the ordinary equilibrium (because the
Gibbs energy increase is negligible), while the equilibrium when Gy is raised by 500 J
would be calculated by setting the pressure to 5 x 10® Pa.

5.5 Comparisons and comments

5.5.a The dilute solution approximation

To validate the simple expression proposed for a ternary system (equation 5.11), a
system consistent with the approximations made above (precipitate of fixed composition,
ideal solution) was chosen: Fe, Nb, C, allowing austenite () and NbC. Because NbC is
modelled as a pure substance, its composition cannot change as assumed in the derivation.

By setting a small total amount of Nb (0.03 mole %) and C (0.06 mole %) in the
austenite, it is possible to match reasonably well the approximation of a dilute solution,
as shown in table 5.2. The second part of this table is for the example used later and

shows that the dilute solution approximation does not lead to significant error. When the

For 2§, = 0.0003 and =}, = 0.0006, at 1173 K
Calculated with MT-DATA Ideal solution approximation

Nb C Nb C
Nb | 3.25 x 107 —2.98 x 10° | 3.25 x 107 0
C | =298 x10° 1.63 x 107 0 1.62 x 107

For the composition chosen in example (0.2 Nb, 0.1 C wt%):
Calculated with MT-DATA Ideal solution approximation

Nb C Nb C
Nb | 833 x10%® —2.97 x 10° | 8.32 x 10° 0
C | =297 x 10> 2.23 x 10° 0 2.15 x 108

Table 5.2: The Hessian matrix of G (that is [6°G, / 0z;0z;] (i.) (J/ mol) calcu-

lated with MT-DATA (left) and calculated using the dilute solution approximation
(right).
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concentration is further raised, RT/x] is still a good approximation for 9*G.,/ dx]*, but

the cross derivatives cannot reasonably be neglected.
5.5.b Effect of a Gibbs energy increase

In this example, the precipitate is NbC, which is modelled as a pure substance. The
composition change of the matrix () in equilibrium with NbC when the latter’s Gibbs
energy is increased by a constant term is considered.

Table 5.3 shows the expected composition change of the austenite in equilibrium with
NbC at 1200 K, comparing the results of equation 5.5 and of equation 5.11 integrated to
the value calculated with MT-DATA. The bulk composition is 0.2 wt% Nb, 0.1 wt% C.
In this case, the C is in excess for the formation of NbC, and the modification of the Nb

Az} calculated with:

PV? / (J/mol) | MT-DATA Eq. 5.5  Integration of Eq. 5.11
1000 24x107% 774 x10™* 2.4x 107
5000 1.85 x 10~° 6.03 x 1073 1.84 x 107°

Table 5.3: The modification of the carbon content (mole fraction) of the matrix in
equilibrium with NbC when a constant Gibbs free energy is added, as calculated by
MT-DATA and according to different equations.

content is well approximated by any formula. If the situation is opposite (Nb in excess),
the effect of capillarity on Nb is overestimated by equation 5.5.

This shows clearly that a straightforward application of the Gibbs-Thomson for-
mula leads to an error which can be large. With the correct multicomponent treatment
(Eq. 5.11), the agreement is excellent.

Figure 5.4 shows the shift of the austenite/austenite+NbC boundary when the molar
Gibbs energy of NbC is raised by 10000 J/mol. It should be noticed that, although the
boundary calculated according to the method proposed by Fujita and Bhadeshia [93]
does not lie very far from the exactly calculated one, the error on individual points is

significant.
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Figure 5.4: The shift of the v/y + NbC boundary at 1200 K for PV,! = 0 (a), calcu-
lated with MT-DATA for PV,! = 10000 J/mol (b), for the same addition using Fujita and
Bhadeshia’s method (c) and using equations 5.11 (d).

5.6 Consequences and conclusions

5.6.a Example

To illustrate the effect of the correction proposed to the Gibbs-Thomson equation,
the model proposed by Fujita and Bhadeshia [93] for Mo,C precipitation was used. The
program available on MAP (http://www.cam.ac.uk/map/mapmain.html) was used as
provided, then corrected to estimate capillarity effects using the system of equations 5.11.

Figure 5.5 shows the differences between the two curves; when additions of Mo and
C are nearly stoichiometric, the error due to the use of the standard Gibbs-Thomson
equation is relatively small (see figure 5.4, an example with Nb and C) and only the last
part of the curve in which the transformation is mainly due to growth of the existing
precipitates is significantly affected. When the additions of Mo and C are far from stoi-
chiometric, the error is more important and so is the difference between the two curves.
The trend is expected: it has been shown that use of the Gibbs-Thomson equation leads
to large overestimation of the capillarity effect, and consequently, the effect on kinetics is

exaggerated.
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Figure 5.5: The volume fraction of MosC in Fe-Mo-C steel. On the left, with
all parameters as given on MAP (http://www.cam.ac.uk/map/mapmain.html), the
initial mole fraction of Mo is twice that of C. On the right, the mole fraction of Mo
and C have been chosen so as to give about the same amount of Mo, C, but with a Mo
addition ten times that of carbon, and the error due to the use of the Gibbs-Thomson
equation is much larger, as can be seen on figure 5.4 with Nb and C for example.

5.6.b Conclusions

The Gibbs-Thomson equation has been applied in a number of studies dealing with
multicomponent alloys, for example [93, 102]. It has been shown that the error can be
large. This means that estimation of the coarsening rate, and of the influence of interface
curvature on the kinetics of precipitation might be overestimated.

A simple solution has been proposed for a ternary system, one which can easily be
extended to any number of components. It shows excellent agreement with the exact re-
calculation of the modified equilibrium when the assumptions are justified, that is in the
case of a precipitate with fixed composition, in a matrix behaving like a dilute solution.
When the precipitate is a solution whose composition is likely to change, the equation pro-
posed estimates quite well the matrix composition change, but can not be applied to the
precipitate, for which the approximation of dilute solution can not be made. It seems that
solving analytically the problem of the precipitate composition change would be as com-
plicated as recalculating the equilibrium, which can be made easily with thermodynamic
calculation packages like MT-DATA.



Chapter 6

Overall transformation kinetics

6.1 Introduction

The model for the estimation of the growth rates of precipitates has been presented in
chapter 4. Being able to predict correctly the growth rate is a first and important step;
however, the overall transformation kinetics are also strongly dependent on the nucleation
rate, and on the impingement effects described in chapter 3.

This chapter presents the methods used to estimate the overall transformation kinetics

for multiple, simultaneous precipitation reactions in austenitic stainless steels.

6.2 Nucleation

Models for the nucleation rate have been presented in chapter 3. In the classical

nucleation theory, the nucleation rate for a phase 6 is given by:

Iy = Nexp (—g%) v exp <—§%> (6.1)

where G is the activation energy for the nucleation of § and G} the activation energy

for transfer of atoms across the v interface; N is the number density of nucleation sites
and v is an attempt frequency taken as being k7'/h. For a spherical precipitate 6, the

activation energy for nucleation is given by:

167 0',?;9‘/;%2

Gy = —
T3 AGE,

(6.2)
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where Vnﬂ2 is the molar volume of 6, 0,9 the energy per unit area of the interface /0,
AG ¢ the driving force for the precipitation of #, per mole of components in §. This un-
usual reference is prompted by the need to use a definition compatible with MT-DATA, in
which the most reliable reference quantity is not the number of moles of a phase but the
number of moles of components in a phase. Most of the times, these quantities are differ-
ent, as for example, 1 mole of components in TiC corresponds to 0.5 mole of the phase.
The molar volumes need to be defined accordingly, with, in the case of interstitial phases
such as austenite, an additional complication introduced by the fact that not all compo-
nent contribute to the volume, but only the substitutional one. However, calculating the
number of moles of substitutional elements with MT-DATA is not a difficulty.

6.2.a Calculating the driving force for nucleation

The Gibbs energy change for precipitation reaction v — v/ + 0, where 7/ refers to

austenite with a composition different from that of v, can be written:
(no — ng) Gy + mpGo — Mo G, (6.3)

where ng is the initial number of moles of components in 7, ny the number of moles of
components in  at equilibrium and Gy the Gibbs energy of # per mole of component.

In most cases, the molar Gibbs energy of the precipitate is actually higher than that
of the parent phase, and the main contribution to the driving force comes from the
composition change of the latter. Table 6.1 illustrates this by giving examples of molar

Gibbs energy for austenite, My3Cg and o-phase. Obviously, the driving force for nucleation

Austenite My3Ce o-phase

Gibbs energy —50.53 x 10°  —50.96 x 10° —45.99 x 10

(J/moles of components)

Table 6.1: The molar Gibbs energy of austenite, M23Cs and o-phase for a steel
of composition 18 Cr, 12 Ni, 1 Mo, 1.5 Mn, 0.4 Si, 0.5 Nb, 0.05 Ti, 0.06 C wt%,
at 750 °C. The formation of o-phase is essentially justified by a reduction of the
austenite molar Gibbs energy, rather than the formation of a phase of lower Gibbs
energy as is the case for My3Cg.

can not be estimated by Gy — G, as this would imply that o-phase never forms in alloys
in which it is expected. The composition change contribution must be included, so that

the driving force is best estimated by equation 6.3, divided by ng.
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An additional difficulty has been presented in chapter 3: the most probable composi-
tion for the nucleus of # is that for which the driving force for nucleation is maximum.
However the method of the parallel tangents becomes increasingly difficult to implement
mathematically as the number of components increases; furthermore, the Gibbs energy of
the phases involved is not easily accessible as an analytical function of the composition.
Approximating Gy to the equilibrium value is however reasonable in these systems, since
precipitates tend to have a very limited domain of existence, ie very sharply peaked Gibbs
energy curves in the composition space. This is illustrated in figure 6.1. For the limit

corresponding to fixed composition compounds, there is no difference.

Figure 6.1: The parallel tangent construction as explained in chapter 3, for two
cases: for precipitates, which often have limited domains of existence over the compo-
sitions space, approximating Gy to the equilibrium value leads only to a small error
(IT). When 6 is a more extended solid solution, the Gibbs energy of the most probable
composition can be significantly different from that of the equilibrium composition

(D).

Because the FORTRAN computer program written to model the precipitation kinetics
is interfaced directly with MT-DATA, a software package to perform thermodynamic
calculations with the use of the SGTE databases, it is possible to calculate the driving
force for nucleation at each stage of the precipitation sequence. This avoids assumptions
as to its evolution with time as needed to be made in the programs developed by Robson
and Bhadeshia [88], or Fujita and Bhadeshia [93]. In these models, the initial driving

force had to be given as an input, and the program then assumed a linear decrease as the



6.2 Nucleation 98

AGm,U
Att=0 -77.7 J/mol
After formation
of NbC and Tic ~130-0 J/mol

Table 6.2: The driving force for nucleation of o-phase at the onset of precipitation,
and after precipitation of TiC and NbC in an alloy of composition 18 Cr, 12 Ni,
1.0 Mo, 1.5 Mn, 0.5 Nb, 0.05 Ti, 0.06 C wt%, at 750 °C. The carbon depletion caused
by TiC and NbC causes an increase in the driving force for o-phase formation. Effects
of this type cannot be identified when only the initial driving force is provided to the
program which then assumes it to decrease with the supersaturation of Cr (in the
case of o phase).

supersaturation is reduced. By this method, it is impossible to grasp effects such as that of
carbon on the formation of o-phase: when carbon precipitates as NbC or TiC, the driving
force for o-phase formation is increased, although the supersaturation of chromium, the
principal alloying element forming o-phase, is not affected.

The use of MT-DATA as a slave application allows such interactions to be properly
taken into account as a function of time, without any assumption about the evolution of

the driving force or the precipitation sequence.
6.2.b The unknowns in the nucleation rate

The parameters N, 0,9 and G} in equation 6.1 have to be determined for each phase
in order to calculate the nucleation rate. The values that can be attributed to these
parameters are bounded by physical considerations and comparisons. G can be attributed
the value of the activation energy for self-diffusion of the principal element entering the
precipitate, while the literature can also provide approximate values for the interfacial
energy between precipitate and matrix.

However, because of the large influence these parameters have on the nucleation rate,
in particular N, the most important constraints derive from the need to obtain a sensible
evolution of the volume fraction of the precipitates. The parameters N and o are therefore
best seen as fitting parameters.

Figure 6.2 illustrates the influence of N, the nucleation site density, and o,, the
interface energy per unit area, for the formation of My3Cg in an AISI 316 steel at 800 °C.

Both have a considerable influence on the overall transformation rate, with up to 8 orders
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of magnitude difference when the interfacial energy changes between 0.15 and 0.25 J/mol.

0015 T T T T '_ T T T T T T 0015 L L LB B B B B
. 0 g=0.15 J.n? (|) o (n
=3 \ | 3 i
5 0.010F 3 ti 4 B 0.010f o ! o o 1
c - S c £ E £
2 S & 2 I 9
8 ° ° |8 1 T B
s i ° L Zi z z ]
L : ERE ) . i
@ 0.005 : o 0.005 :
> : > ;
G o
> >
0.000 ! ] 1 1 1 N 0.000 ! ,v‘/ ! ) ! P
0 2 4 6 8 10 12 1 2 3 4 5 6 7 8 9
log (time / s) log (time / s)

Figure 6.2: The effect of (I) the interfacial energy 0. with N = 10'® m~3 and
(II) the nucleation site density N with 0,9 = 0.2 J m~2 on the the overall kinetics of
Mj3Cg formation in an AISI 316 steel, all calculations are for 800 °C.

Although there is a considerable amount of literature regarding precipitation in austenitic
stainless steels, there is virtually no reliable quantitative study of the precipitation se-
quence. Identical difficulties in obtaining volume fraction have been met in this work and
are presented in chapter 8. The published literature mostly reports TTP (time tempera-
ture precipitation) diagrams such as figure 2.7. Such diagrams do not provide quantitative
data since they neither indicate the end of precipitation, nor the exact start: there is no
standard quantity defining the onset of precipitation, which depends on the experimental
methods used.

The values adopted later are therefore based on an attempt to match predictions with

general observations reported in TTP diagrams.
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6.3 Overall transformation kinetics

To estimate the overall transformation kinetics, it is necessary to account for both soft
and hard impingement. Figure 6.3 illustrates, in a simplified manner, the functioning of
the FORTRAN program interfaced with MT-DATA, used to estimate the overall kinetics

of simultaneous precipitation reactions.
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| Loopon precipitatT
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Figure 6.3: Simplified illustration of the functioning of the FORTRAN program
written to estimate the evolution of simultaneous precipitation reactions. t is the
time and At the increment, pcp is a variable identifying the phases allowed to form.

During a time step, the program considers in turns all the different phases allowed
to enter the calculation, and calculates the volume increase from each of them. This
increment, is, as explained in chapter 3, an extended volume, and has to be corrected

according to [88]:
Aavh? = [1-3"v | dvf, (6-4)
k

where dV} g is the change in volume fraction of 8, V; the volume fraction of precipitate £,

and dVf, the change in extended volume fraction of §. However, in the present case, this
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correction is of negligible consequence, as precipitation phenomena involve small volume
fractions.

Consider component 4, for which the amount &V, +3", Vi xc;” is constant due to mass
conservation, and therefore, the matrix composition changes according to the increment
of precipitate 6 (noting that Vy, =1— ", V},) as follows:

(C_Z — 057) de,g —C;
dg; = (6.5)
Viy

where d¢; is the change of matrix composition. This quantity is calculated in turn for

each precipitate, and the matrix composition is updated at the end of the time step. The
program also verifies that the composition change is small compared to the content of the
matrix, so as to ensure the step size is not too large.

The method described in figure 6.3 requires significant computing power. Each loop to
identify a tie-line can take up to 50 iterations (figure 4.4), each including an equilibrium
calculation. This is repeated as many times as is the current time step, that is, step 1000
requires 1000 iterations to calculate the growth rate of all the precipitates nucleated at
earlier times. The whole process is also repeated as many times as there are precipitates.
Typical calculation times are 2-3 days on 64 bits, 450 MHz processor machine. When
capillarity effects are neglected, however, the tie-line is unique to all precipitates of the

same nature and there is no need to calculate one for each different nucleation time.

6.4 The tie-line shifting phenomenon

As explained in chapter 4, the composition of precipitates such as My3Cg is expected
to be modified by the need to satisfy the flux balance at the interface matrix/precipitate.
The tie-line satisfying the flux-balance at the onset of precipitation does not generally
go through the bulk composition. However, as the precipitation reaction progresses, the
matrix composition is modified, and as a consequence, the tie-line satisfying the flux-
balance shifts towards the one going through the bulk composition P (figure 6.4).

Many studies have reported composition changes in My3Cq as its precipitation pro-
gresses [100, 67, 104]: the Cr content increases while the Fe content decreases. This was
correctly reproduced by the model, as illustrated in figure 6.5, which shows the Cr and

Fe content of My3Cs in an AISI 316 steel, as precipitation progresses.
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Figure 6.4: Tllustration of the tie-line shifting phenomenon. As the supersaturation
of elements 1 and 2 decreases, the tie-line satisfying the flux-balance approaches that
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Figure 6.5: Verification of the tie-line shifting phenomenon during the precipita-
tion of My3Cg in an AIST 316 steel at 800 °C. The initial Fe content is larger than
expected from an equilibrium calculation, while the Cr is lower. As precipitation
reaches completion, both the Fe and Cr contents return to their equilibrium values.
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Similar observations have been made for MC type carbides (e.g. NbC, TiC), as men-

tioned in chapter 2: these carbides grow with a chromium content much larger than is the

equilibrium value, and with a carbon content below a 1:1 atomic stoichiometry. However,

because they are modelled as pure substances in the SGTE databases, it is not possible

to reproduce these composition changes.
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6.5 Multiple precipitation reactions

One of the main advantages of the model developed is its ability to cope with as many
simultaneous precipitation reactions as required by the user, provided that thermody-
namic data are available in the databases used by MT-DATA.

6.5.a Precipitates drawing from the same solute

The various phases likely to form in austenitic stainless steels frequently draw on one
or two similar solutes. For example, My3C¢ and TiC compete for carbon, o-phase and
Mg3Cg for chromium, etc.

When strong carbide formers such as Ti or Nb are added in sufficient quantities,
Mq3Cg is not expected to be present at equilibrium. It is however usual to observe the
latter forming at early stages of the ageing. The AISI 321 steel (17.1Cr, 12.6Ni, 1.5Mn,
0.551, 0.49Ti, 0.11C wt%) as studied by Thorvaldsson [105] is a good example of the
importance of interactions in precipitation sequences. Table 6.3 gives the equilibrium
state, as calculated with MT-DATA for this steel, at 750 °C.

Phase volume fraction / %
o-phase 0.058
TiC 0.74

Table 6.3: The equilibrium at 750 °C for the AISI 321 steel studied by Thorvaldsson
et al. [105], calculated with MT-DATA.

It is noticeable the o-phase is predicted to be present at equilibrium, although there
is no driving force for its formation when considering the transformation of the initial
austenite, or even after solution treatment at 1250 °C. Table 6.4 gives the austenite

composition after solution treatment at 1250 °C.

Element Cr Ni Mn Si Ti C
Bulk composition wt % 17.2 12.6 1.5 0.5 0.49 0.11
After sol. treat. wt % 17.14 12.63 1.503 0.501 0.302 0.063

Table 6.4: The bulk composition and the austenite composition after solution treat-
ment at 1250 °C for the AISI 321 steel studied by Thorvaldsson [105].
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As illustrated in figure 6.6, the kinetics of formation of TiC are affected by the for-
mation of My3Cg, which also draws carbon from the matrix. My3Cg is not expected as an

equilibrium phase, but forms for kinetic reasons.
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Figure 6.6: The predicted kinetics of formation of TiC in the AISI 321 steel stud-
ied by Thorvaldsson [105], (I) allowing only TiC and (II) allowing M23Cg and TiC,
showing clearly the interactions as the two precipitates compete for carbon. Ma3Cg
is not expected to be an equilibrium phase but forms for kinetics reasons.

Although interactions between precipitates are expected such as those presented in
figure 6.6, a valid prediction is still required to show TiC as the only phase remaining
after sufficient ageing, as given by the equilibrium calculation. For this, the model needs

to account for the dissolution of transient phases.
6.5.b Dissolution of precipitates and transient phases

To illustrate the method used to implement the dissolution of precipitates, the example
of the AISI 321 steel above is used again.

Figure 6.6 (IT) shows that, after some time, My3Cg precipitation reaches completion.
However, TiC, more stable than My3Cg according to MT-DATA, keeps on drawing carbon
from the matrix, leading to the situation illustrated in figure 6.7: when precipitation of
M,3Cg is completed, the composition of the matrix is given by M’, which is on the tie-line
going through the bulk composition P. This tie-line shifting phenomenon was explained
previously. During the next time step, TiC draws carbon from the matrix, explaining
the shift (1) of point M’; but also increases its own volume fraction. Since the matrix

chromium content is not affected by the formation of TiC, but its volume fraction is
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slightly reduced, the chromium concentration, and of any other element not included in
TiC, is increased. This explains the shift (2) in the change from M’ to M".

Ccr

A

Cc Cc

Figure 6.7: Tllustration of the matrix composition change resulting from the con-
tinued formation of TiC when My3Cg precipitation is completed.

It is important to notice that both shifts (1) and (2) are very small, as they correspond
to the quantity of solute drawn during a single time step, the latter being set so as
to prevent composition modifications which are not negligible compared to the matrix
content, as explained earlier. Here again, the tie-line giving the interface composition
during dissolution is expected to be the one respecting the iso-activity of carbon. However,
because M" is very close to M’, the shift is of negligible proportion. Another consequence
is that the supersaturation (although negative) is very small, and therefore simplified
model such as Zener’s approximation presented in equation 3.26 can be used.

The case when a phase dissolves with a larger negative supersaturation is different and
cannot be treated with these approximations. For example, when My3Cg formed during
service at about 700 °C is dissolved during solution treatment at 1200 °C, the point
representing the bulk composition in the phase diagram is at a non-negligible distance
from the /v + 6 boundary. Therefore the above treatment for the dissolution of phases
is essentially valid for transient phases.

Figure 6.8 illustrates the predicted behaviour of the AISI 321 steel whose composition
is given in table 6.4. Comparisons with experimental results are reasonably satisfying,
since results by Thorvaldsson et al. [105] suggest that, for this steel, precipitation of TiC

is completed after about 1000 h. However, the authors report a dissolution of TiC for
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Mq3Cs and not the opposite. As reported in chapter 2, this observation is controversial.
The dissolution cannot be predicted if the phase stability calculations indicate TiC as the

equilibrium precipitate.
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Figure 6.8: The calculated volume fraction of M23Cg and TiC as a function of time
in an AIST 321 steel, during ageing at 750 °C. My3Cs is expected as a transient phase
only. The volume fraction of TiC does not include the amount left undissolved after
solution treatment.

Table 6.3 shows that o-phase is also expected at equilibrium in the considered AISI
321 steel. However, it is neither predicted by the present model nor observed by Thor-
valdsson [105]. The model does predict a non-zero driving force for its formation, when
precipitation of TiC has almost reached completion. This is because both the low carbon
and high chromium expected at that stage are favourable to o-phase formation. Never-
theless, this driving force is too low for the formation of o-phase to occur in an observable

time.

6.6 Predicting the behaviour of different steels.

As mentioned earlier, there is little quantitative information regarding precipitation
in austenitic stainless steels. Furthermore, results obtained by different methods differ

significantly. For example, the work used in the previous section, from Thorvaldsson and
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Dunlop [105], indicates that the maximum volume fraction of MC type carbides is reached
after about 1000 h, on the basis of TEM investigations. On the other hand, Thorvaldsson
et al. [104], in a different publication on a similar steel, in identical conditions, report the
maximum volume fraction of MC type carbides to be reached after 3 to 8 hours, on the
basis of resistance measurement.

This renders difficult if not impossible the task to estimate the adjustable parameters
N and 0.4 for these phases. However, the time scale for the formation of such carbides
and nitrides remains small in comparison with the typical lifetime, and therefore the error

introduced in the precipitation sequence is of little consequence.
6.6.a The formation of o-phase in the AISI 300 series

The case of o-phase, which incidentally is believed to be more relevant to long term
creep properties than the various carbides, is better defined. Minami et al. [44] provide
data on the microstructural evolution of the main AISI 300 series steels, which have
been used to refine the parameters N, and o,,. The use of equation 6.1 to predict the
nucleation rate for o-phase leads however to meaningless values of these parameters: only
with interfacial energies close to zero and extremely large /N, would a sufficient nucleation
rate be obtained. Observation of o-phase in such steels also indicates a difficulty in
nucleation, as this phase is almost exclusively found on grain boundary triple points.

A simple model was therefore used to estimate triple point nucleation. Triple point
nucleation can be integrated within the model without loss of consistency: the points can
be assumed to be uniformly distributed in space and therefore the treatment of the hard
and soft impingement remains valid. This is not the case for grain surface nucleation,
where both soft and hard impingement effects may be strongly localised.

A simple modification to equation 3.20 was done to account for the extra amount of
grain boundary surface eliminated when nucleation occurs on a triple point:

.4 {mo 20 = §1y UW}S
B o7 n62AG,>

where the different terms are as defined in equations 3.21.

(6.6)

6.6.b o-phase in AISI 304

The case of AISI 304 is interesting to start with because o-phase is the only phase

expected, with the exception of My3Cg which is precipitated in the very early stages of
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ageing. The absence of interaction with other precipitation phenomena simplifies greatly
the determination of the parameters IV, and o,,.

1 Parameters optimisation

For a given ageing temperature, there is an infinite number of combinations of pa-
rameters N,, 0., to obtain a similar result for the volume fraction as a function of time.
For example, a greater interfacial energy renders nucleation more difficult but N, can be
raised to compensate.

However, if N, and o.,,, have been chosen too large for example, the nucleation rate will
be overestimated at lower temperatures and, and underestimated at higher temperatures.
Therefore, values for N, and 0., have to be obtained that fit published data over a range
of temperatures.

For N,, a first guess can be made by estimating the number of triple points per unit
volume (10! — 10!* m~2), while the value of the interfacial energy for a grain boundary

was used as a starting point for o.,.

1 Results

With N, = 3 x 10 m™® and 0,, = 0.283 J/m?, good agreement could be obtained
between the predictions and both the time temperature precipitation diagram and the
quantitative measurements obtained by Minami et al. [44], as illustrated in figure 6.9.

The disagreement at high temperatures is essentially due to thermodynamic data on
which the model rely: MT-DATA predicts an equilibrium amount of o-phase which is not
consistent with the observation made by Minami et al., and it is therefore not surprising
that the kinetics of its formation is underestimated.
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Figure 6.9: TTP (Time Temperature Precipitation) diagram for the formation of ¢ in
an AIST 304 steel of composition: 18.7Cr, 9.0Ni, 1.73Mn, 0.6Si, 0.05C wt%. Predictions
are compared to the TTP diagram obtained by Minami et al. [44]. The detection limit is
assumed to be a volume fraction of 0.05 %. M,3Cg is found at all times and temperatures,
both experimentally and in predictions.
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6.6.c Other steels in the AISI 300 series

it Observed and predicted trends
Figure 6.10, after [44] shows the evolution of the volume fraction of o-phase as a
function of ageing time at 700 °C, in different steels of the AISI 300 series. It has been
proposed that the very low carbon level of the austenite in steels such as AISI 321 or AISI
347 is responsible for the rapid formation of o-phase (chapter 2).
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Figure 6.10: The rate of formation of o-phase at 700 °C in different steels of the
AIST 300 series, after [44]. Both 321 and 347 contain strong carbides formers (Ti and
Nb respectively) which reduce the austenite carbon content to almost zero. Dashed
lines show the predictions with the parameters obtained by fitting the curve for the
AIST 304 steel.

Because of variations in the grain size, or thermo-mechanical history, it is probable that
the values of N, and o,, will have to be slightly adjusted. However, with the exception
of AISI 316 in which o-phase is predicted to form slightly faster than in AISI 304, the
predictions show a trend opposite of that reported by Minami et al. [44], as illustrated in
figure 6.10: o-phase is predicted to form at a slower rate in AISI 321 and 347. Table 6.5
shows the driving force for the formation of o-phase in these different steels, at the end
of the carbides formation, where it is expected to be greatest.

The prediction of a slower formation of o-phase in AISI 321 and 347 compared to 304
can therefore be expected from the thermodynamic data underlying the model, since the
classical theory for nucleation predicts a greater nucleation rate when the driving force is
larger.

It seems reasonable to assume that the growth rate of o-phase does not vary signifi-
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Element wt% Cr Ni Mn Si Ti Nb C AG,, J/mol
AISI 304 18.20 9.07 1.73 0.60 2.15 x1073 -209.7
ATISI 347 17.68 10.45 1.65 0.59 0.48 4 x107° -169.7
ATST 321 17.64 10.53 1.76 0.59 0.15 6 x107° -176.1
ATST 316 (2.3 Mo) 16.09 12.01 1.83 0.64 5.4 x1074  -288.4

Table 6.5: The composition of 4 different steels studied by Minami et al., after
precipitation of all carbides, calculated with MT-DATA, and the driving force for the
formation of o-phase from the austenite of this composition, expressed in joules per
mole of components. All calculations are for 700 °C.

cantly between the different steels; this is supported by the fact that the slopes in figure
6.10 are similar. Therefore, as already proposed in the literature (e.g. [67]), the cause
is most likely to be found in the nucleation process, although the above results on the

driving force indicate that classical theory may not provide an explanation.

it Is the classical theory for nucleation failing ?

The former section indicates that, although the driving force for the nucleation of o-
phase is expected to be lower in AISI 347 when compared to AISI 304, nucleation actually
occurs significantly faster in the former.

Because the different steels present reasonably similar nucleation site densities, it
seems justified to propose as above, that the prefactor N in the nucleation rate equation
6.1 does not vary significantly between two steels. However, further examination of the
classical theory will reveal that this assumption may be erroneous.

One of the first steps of the nucleation theory consists in counting the number of
nuclei which have reached the critical radius, and to which is associated an energy Gfp,
as explained in chapter 3. This is done by assuming that the probability of finding such
nuclei is given by a Boltzmann distribution:

-G*
Ncritical nucles X €XP ( RTQ) (67)

However, it must not be forgotten that such an equation actually gives the probability for

a fluctuation of composition/structure of energy G. For the sake of simplicity, structure
fluctuations are neglected in the following discussion.

In a binary alloy, there is an equivalence relationship between a composition fluctu-
ation of given spatial extension, and a fluctuation of given energy. This is illustrated

schematically in figure 6.11.
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Figure 6.11: In a binary alloy, for example Fe-C, fluctuations of the carbon content
are uniquely associated to an energy which can therefore be written E(C).

In this case, it is reasonable to assume that the prefactor N does not include any
composition dependencies, which are all present in the exponential term.

The situation is however different in multicomponent alloys. In the following, the
hypothetical case of the nucleation of o-phase in a Fe-Cr-C system is considered as an
example and fluctuations in both the carbon and chromium content are examined. As
illustrated schematically in figure 6.12, a number of different fluctuations may have the

same energy.
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Figure 6.12: Schematic illustration of composition fluctuations in a Fe-Cr-C alloy.
Different fluctuations may be associated with the same energy, but not all are events
leading to the formation of a nucleus.

However, only a fraction of the composition fluctuations of energy Gj is of interest for
the nucleation of o-phase. Therefore, the probability to form a critical nucleus is better
written fexp (—G}/RT) than exp (—Gj/RT), where f is the fraction of the fluctuations of
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energy G that may lead to the formation of o-phase. Equation 6.1 can then be re-written:

G G;
Iy = fNyexp <_RYH’> v exp <_R%> (6.8)

This never appears in practice since the prefactor is fitted as a single entity, and it is

probably difficult to estimate f on a theoretical basis.

It is now considered, as a simple model, that composition fluctuations leading to the
formation of a o-phase nucleus are those raising simultaneously the Cr content above, and
lowering the C level below, critical values, since the carbon solubility in o-phase is close
to zero. Figure 6.13 illustrates two different cases: when the average carbon content of
the austenite (¢c) is relatively high, the fraction of the fluctuations of identical energies

which brings the carbon content below the critical level is smaller than when ¢ is low.
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Figure 6.13: Schematic illustration of different composition fluctuations in two
cases. The fractions of the fluctuations which can lead to the nucleation of o-phase
is higher when the average carbon content of the austenite is lower.

Using again the calculated carbon content of the austenite (table 6.5), and attributing
a factor f3gs and f347 to the steels of same names, we can expect, on the basis of the above
argument, f3oq < f3s7 since the austenite carbon content is much lower in the AISI 347
steel. Having fitted Ny 304 = Nof304 to experimental data, it is now expected that the
prefactor Ny 347 = Ny 304(f347/ f304) be much larger than N, 504.

Further validation is obtained when considering the case of the AISI 316 steel, in which
the rate of o-phase formation is also under-estimated. Following identical reasoning, and
since the austenite carbon content is lower in the AISI 316 steel than it is in 304 (table
6.5), the fraction f314 is expected to be larger than f3p4 and consequently the prefactor
N316 = N3oa(f316/ f304) larger than the experimentally derived N3gs. This would lead to a

shift to the left of the curve, consistent with observations.
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Finally, the tendency to underestimate the kinetics of o-phase formation at lower
temperatures for the reference steel, as visible in the TTP diagram 6.10, could also be

explained by the austenite carbon content decreasing with the temperature, as shown in
figure 6.14.
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Figure 6.14: The carbon content of the austenite after precipitation of all carbides
in different steels from the AISI 300 series, calculated with MT-DATA.

Figure 6.15 shows that better agreement is obtained for increasing N as the carbon
content decreases. However, due to the restricted amount of quantitative data available,
it was not possible to obtain a relationship between N and the carbon content of the
austenite. Such a relationship would only hold for a given steel, as the introduction of
additional elements such as Mo should, according to the explanation proposed above,
further modify the prefactor V.

The example used above is based on a ternary system, and it should be underlined
that in a system with many more components, there will be an even greater number
of composition fluctuations of identical energies, which will be of no interest for the
nucleation of a given phase. Therefore one can expect the factor f to decrease in general,
as the number of components increases.

In conclusion, it is shown that, in multicomponent alloys, it is not reasonable to expect
the prefactor N, to be independent of the composition of the steel. The composition
dependency is only qualitatively explicited here but is opposite of the more intuitive

argument provided by Fujita and Bhadeshia [93], which proposes that N is expected to
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Figure 6.15: The predicted amount of o-phase forming at 700 °C in different steels
of the AISI 300 series is in better agreement with observations when allowing an

increasing prefactor N as the carbon content decreases. Here, N = 3 x 1012 m~2 for
304, N = 4 x 10'2 m~3 for 316 and N = 8 x 10'3 m—3 for 347.

increase as the driving force (the volume fraction) for precipitation increases. In the
present case, the steels with lower driving forces are actually expected to have the largest

N,, although it should not be concluded that there is a correlation between the two.
6.6.d Other phases and difficulties

As mentioned earlier, there are significant experimental uncertainties which render
difficult the task of identifying the parameters N and o for each phase.

Of greater importance are the discrepancies between the observed behaviours of steels
and the thermodynamic data on which this model relies, or the absence of such data.

Figure 6.16 shows the complete precipitation sequence for an AISI 316 steel, at 700 °C,
which is in good agreement with the work of Minami et al. [44]. However, at 750 °C,
X phase is found experimentally, but is not predicted to form by the model. This is
because, according to MT-DATA, the driving force for its formation is zero throughout
the precipitation sequence.

Similar problems occur with Nb rich steels (AISI 347) in which FesNb and Fe3Nb3C
are expected to form when Nb is in excess (chapter II). Although the formation of the
former is correctly predicted, its dissolution for the latter cannot be accounted for, since
there are no thermodynamic data for FesNbsC.
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Figure 6.16: The evolution of the volume fraction of different phases in an AISI
316 steel at 700 °C, and on the upper part, the phases observed experimentally by
Minami et al. [44].

Phases such as Cr3NiySiX or Z-phase are not represented in the SGTE database,

therefore making impossible any meaningful prediction on nitrogen bearing steels.

6.7 Practical aspects of the software

Figure 6.17 illustrates the overall functioning of the software. As mentioned earlier, it is
interfaced with the thermodynamic calculation package MT-DATA, and has been written
so as not to implicitly incorporate knowledge about the phases. That is to say, none of
the algorithms contain assumptions about what component may control the growth or
dissolution of any precipitate, nor about which precipitate may form or not. Therefore
any correction or addition in the databases is immediately reflected in the model, which
can be used with any phase described in the thermodynamic databases.

Physical information about the phases is stored in a separate file, which contains the
lattice parameter, number of atoms per unit cell, temperature dependency of the lattice
parameter if known, and the nucleation parameters /N and o.

The solution treatment is modelled by assuming that equilibrium is reached at the

given temperature. For example, when predicting the evolution of the microstructure of
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an AISI 347 steel, it is essential to include a solution treatment, at typical temperatures
of 1100-1200 °C which calculates the amount of undissolved phases and sets a new bulk
composition before proceeding with the ageing.

By default, the diffusion coefficients are calculated for Fe-Cr-Ni-C alloys, as explained
in chapter 4, however the user has the possibility to enter alternative values for a different

system.

Thermodynamic database (mpi file
Composition of alloy
Physical information on precipitates

Solution treatment temperature ?
Phases allowed ?
Calculate equilibrium

User

Calculate diffusio
coefficients ?

Interface

no

Read from file 7
Enter manually 7

Main calculation loop

Figure 6.17: General functioning of the software developed in interface with MT-
DATA, which can be used with any phase present in the SGTE databases provided
that informations such as lattice parameters, interfacial energies, etc are present or
provided.

Finally, the program is written in a modular manner which allows for easy modifica-

tions or additions.
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6.8 Summary and conclusions

A general model for multiple precipitation reactions in multicomponent systems has
been created using the thermodynamic software MT-DATA as part of a FORTRAN pro-
gram. Effects particular to multicomponent systems have been shown to have significant
importance and have been accounted for. This includes a treatment of the flux-balance
problem and of multicomponent capillarity.

A major difficulty remains in the lack of reliable quantitative experimental data. How-
ever, general semi-quantitative aspects are very well predicted considering the relative sim-
plicity of the model, which, for example, does not account for the role of grain boundaries.
This causes an over estimation of the overall growth rate, as the actual hard impingement
effects are underestimated for phases growing on grain boundaries.

A further effect of the multicomponent nature of the systems considered appeared
in the calculation of the nucleation rate. It was shown that examining the nucleation
rates in terms of driving force only, could lead to considerable error. An argument was
proposed to explain that the prefactor N in the classical nucleation theory was itself
strongly dependent on the composition. This implies the existence of strong limitations
in the predictive power of any model based on the classical theory for nucleation, as the
value of N may have to be fitted for each single composition. It seems important to re-
consider the classical theory for nucleation and adapt it so as to deal with multicomponent

effects.



Chapter 7

Experimental Procedures

7.1 Introduction

The experimental work consists essentially of the identification of different kinds of
precipitates formed during ageing treatments.

As has been outlined in the presentation of precipitated phases in austenitic stainless
steels, the identification of carbides, nitrides and intermetallic phases is not straightfor-

ward, bearing in mind that:

e The size of the precipitates ranges from about 15 nm to 5 um. For the smallest
particles, only TEM (transmission electron microscopy) is appropriate, but it is not
for the largest as very few are likely to be found in the observable area of a thin
foil. The larger particle are also not expected on carbon replicas, because the film
is not strong enough to hold them. Diffraction patterns are also difficult to obtain

from large particle.

e Some precipitates have similar crystal structures and lattice parameters (e.g. Ma3C,
MgC, G-phase). Therefore, any technique which relies solely on structure determi-

nation is susceptible to error.

e Some precipitates have similar compositions, so that ‘fingerprinting techniques’

based on microanalysis can be ambiguous when used on their own.

It clearly is necessary to use complementary techniques. The experimental procedure

is depicted in figure 7.1.
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General Observations Structural identification Composition
Heat-treatment Optical Microscopy- TEM : diffraction TEM: EDX
Hardness X-Rayon SEM: EDX

extraction residue

Figure 7.1: Complementary techniques used for identification of precipitates and gen-
eral observations of ageing effects. TEM: transmission electron microscopy. EDX: energy
dispersive X-ray analysis. SEM: scanning electron microscopy.

7.2 Materials and heat-treatments

Two steels where provided by National Power: NF709, and a variant called NF709R
(both manufactured by Nippon Steel). NF709, based on 20/25 austenitic stainless steels,
has been designed recently and is regarded as the best creep resistant austenitic stainless
steel available today. The chemical compositions are given in table 7.1. The steels were

NF709 Cr Ni Mn Mo Si Nb Ti N C B P
wt% 20.28 2495 1.00 1.50 041 0.26 0.05 0.167 0.06 0.005 0.006

NF709R | Cr Ni Mn Mo Si Nb Ti N C B P
wt% 22.22 2534 092 140 0.38 024 0.05 0.170 0.03 0.005 0.022

Table 7.1: Composition of steels studied. NF709R . is a variant of the first steel provided,
NF709, with increased Cr and reduced C.

received in the form of tubes from which two kinds of specimens were made. Rods of 3
mm in diameter and various lengths were machined; they were used to prepare thin foils.
Sections of the tubes were cut so as to provide samples for replication, optical microscopy,
hardness, etc... (figure 7.2). The grain size was smaller along the inner and outer walls
of the tubes. The longitudinal sections were made carefully so as to cross the tube and
present some regions from the outer wall and the middle of the tube wall.

Pairs of each kind (rod and piece) of sample were sealed in silica tubes under a pressure
of argon of about 0.1 atm. They were water quenched at the end of the heat-treatment.

Both NF709 and NF709R were aged at 750 °C and 800 °C for up to 15000 h.
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Figure 7.2: Preparation of specimen from received tubes. Longitudinal sections were used
for SEM and preparation of replicas, transverse sections for optical microscopy and hardness.
The samples are typically 1 cm long and 5 mm thick.

7.3 Optical microscopy

The specimens for optical microscopy were hot mounted with conductive bakelite
powder, ground with silicon carbide paper down to 1200 grit and then polished with 6
and 1 pym diamond paste. Electrolytic etching was done in a solution of 10% oxalic acid
in distilled water, at about 5 V. This electrolyte attacks the precipitates and o-phase,
but not the matrix. Grain boundaries are only revealed after about 60 s when they are
precipitate free.

Using a solution of 10% HCI in methanol also gave satisfying results (6 V for 10 to
30 s). This electrolyte attacks the matrix but not the precipitates.

A selective etchant was also used to reveal o-phase. The samples were electrolytically
etched (5 to 10 s at 1.5-3 V) in a solution of 56 g KOH for 100 ml of water. This colours
o-phase brown.

Optical microscopy gives a general impression of the amount of precipitates and on
their locations (grain boundary, twin boundary, intragranular). Phases such as grain-

boundary o-phase can be identified readily.

7.4 X-ray analysis of extraction residues

Each kind of precipitate makes only < 1% in volume of the bulk sample. For this rea-
son, X-ray diffraction on a bulk specimen is unlikely to provide accurate information about
precipitates. A method commonly used to avoid this difficulty involves the electrolytic
dissolution of the matrix, leaving residues which can be analysed by X-ray diffraction.

Details of the experimental settings are shown in figure 7.3, together with a typical
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X-ray spectrum of extracted residues. Specimens of a few hundred milligrammes were
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Figure 7.3: The experimental settings used to electrolytically dissolve samples of
NF709. A typical X-ray spectrum of extracted residues is illustrated on the right.

dissolved electrolitically in a solution of 10% HCI in methanol. The ensemble made by
the platinum wire and the specimen (figure 7.3) was weighed before and after dissolution,
with a precision balance, so as to provide an estimate of the amount of steel dissolved.
The residues were filtered using a 0.2 ym membrane filter (filtering using a 0.1 pm was
not possible within a reasonable amount of time). The filter was then allowed to dry for
one day. It was weighed before and after filtration, so as to measure the amount of residue
collected.

The filter was then placed in a 2- X-ray diffractometer. Identification of the different
phases was often made difficult because of the overlapping of many peaks. An analysis
was also performed on the filter by itself in order to remove any peak coming from it.

This technique is very useful when used in conjunction with other identification meth-
ods. The main advantages are that it should reveal all of the precipitates present, that
the amount of material investigated at once is far greater than with most of the other
methods (scanning electron microscopy, transmission EM, etc...) and that it can give,
in principle, quantitative information. It is also relatively easy to implement when com-
pared to methods such as TEM for which the sample preparation can be much more time
consuming.

The disadvantages are that no information are obtained about the morphology, distri-

bution or location of the precipitates. In practice, quantitative information can only be
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obtained if the absorption coefficients (1) or their ratio (u/pcor) to a that of a reference
phase (corundum) are known, which was not the case for most of the phases found in the
present work. Another limitation concerns the size of the precipitates. Comparison with
the phases detected with this method and those found using TEM show that the smallest

precipitates are most probably dissolved.

7.5 Transmission electron microscopy

This is by far the most important experimental method in this project justifying a

more detailed presentation of specimen preparation and precipitate identification.

7.5.a Preparation of samples

1 Carbon replicas
Carbon replicas were prepared on samples mounted in the same way as for metallo-
graphic specimens. At first, the polished surface was lightly etched with a 10% HCI in
methanol solution, which attacks the matrix but not the carbides (oxalic acid cannot be

used as it attacks the carbides but not the matrix).

Figure 7.4: Preparation of carbon replicas. On the left a schematic drawing of the
etched sample. On the right, the carbon film has extracted the precipitates

A carbon film was then applied on the surface using a vacuum vaporising system. The
thickness of the film is a critical factor: too thin and it will be destroyed by the electron
beam. By contrast, a thick film is difficult if not impossible to lift. The film was cut
on the surface into small squares, the specimen was electrolytically etched in the same
solution, rinsed in methanol and then in distilled water. The pieces of film were collected
on 3 mm diameter copper grids. For specimens aged over long periods of time (2500 h and
more), it became increasingly difficult to obtain nice replicas. This was attributed to the

density of precipitation and the presence of very large particles on the grain boundaries.
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Carbon replicas offer a much larger observable area than thin foils, but it is more
difficult to tilt to a major zone axis, because of the very small size of the diffracting

particle. Also, it is possible that some particles are not extracted.

1 Preparation of thin foils

Thin foils were cut from the 3 mm rods to about 100 ym, then ground with silicon
carbide paper (1200 grit) on both sides, until the thickness was about 50 um. Care was
taken to avoid deformation which can cause the formation of martensite.

The foils were then electropolished using a twin-jet electropolisher initially with a
solution of 5% perchloric acid, 15% glycerol in 80% methanol. Although some thin foils
were satisfactory, the repeatability was low and another solution was used, made of 5%
perchloric acid in 2n-ethoxy-butanol, which gave more satisfying results.

Although thin foils offer a much smaller observable area, the presence of the austenitic
matrix greatly simplifies tilting as it is possible to take advantage of the orientation

relationships which often exist between it and the variety of precipitates.
7.5.b Identification of precipitates with TEM

Two microscopes were used for this work, a Philips CM30 capable of acceleration
tensions of 300 kV, and a JEOL 2000FX (200 kV). Both were fitted with an energy
dispersive X-ray analysis (EDX) facility and an electron energy loss spectrometer (EELS).

Therefore both structure and chemical composition could be investigated.

1 Structure identification: electron diffraction
Conventional selected-area diffraction and convergent beam electron diffraction tech-
niques were used. The latter was required to identify independently small precipitates
on carbon replicas; it was also useful when tilting the sample to a major zone axis. A
schematic drawing of both techniques is found in figure 7.5. In conventional diffraction,
the distance between two different spots in the pattern (Rpy;) is related to the spacing

dpx; for the planes of Bragg indices hkl by:

Ry

s (7.1)

dhir =

where L is called the camera length although it is not strictly related to any real length in

the microscope. A is the wavelength associated with the electrons for a given acceleration
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Figure 7.5: Schematic drawing of conventional diffraction pattern formation
and convergent beam diffraction. In CBED, the points are replaced by discs
which can contain supplementary structural information.

voltage, calculated with:
12.26

A= VV ({1 +0.979.10-5)
where V' is the acceleration voltage and A is given in Angstroms. This formula account
for relativistic corrections. The wavelength is 0.025 A at 200 kV and 0.019 A at 300 kV.
For more accuracy, LA is often found by calibration with a gold thin foil. The following
values were provided for 200 kV (JEOL 2000):

(7.2)

L.cm | L)\ measured, mm A | L) theoretical

50 12.81 12.5

60 14.95 15

80 20.10 20

100 24.17 25

120 29.09 30

150 36.03 37.5

200 48.01 50

It can be noticed that these values are all less than 4% different from the theoretical ones.
It is possible to identify precipitates with conventional diffraction patterns, by trying

to match against expected patterns. However, to distinguish My3Cg and MgC for example,
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which are both fcc (face centred cubic) and of similar lattice parameter, particular care
is required (in this case, MgC has a diamond-cubic structure for which reflections with
h,k,l all even but h + k + [ # 4n are absent). The presence of the first order Laue zone
(FOLZ) can also reveal features which help distinguish these carbides. Diffraction on its
own is little appropriate to distinguish between different type of MX precipitates which
all have a similar lattice parameter. On some replicas or foils, it is difficult to isolate one
particular carbide because of the very small sizes. For this reason, CBED was used. In
CBED, the incident electron beam is not parallel but convergent. This allows a reduction
in probe size to a minimum of 10 nm, whereas it can hardly be less than 500 nm in
conventional diffraction. Points are replaced by discs which contain information related
to the space group of the precipitates. In fact, this space group can be determined from
a suitable CBED pattern.

The systematic presence of Kikuchi’s lines helps tilting of the specimen to a major
zone axis. The CBED pattern (provided that it is not formed of blank disks) from a
major zone axis can be related immediately to a particular precipitate with the help of
reference.

However, to obtain a fine CBED pattern is time consuming and often, by the time the

specimen had been oriented, the contamination blurs out the information in the discs.

1 Composition identification: EDX

In EDX or XEDS (X-ray energy dispersive spectrometry), the characteristic X-rays
emitted by the different atoms as a consequence of their ionisation under the electron
beam are used to identify them.

To perform EDX analysis in the TEM, the specimen was tilted to 45°; the live time
was 100 s. The dead time was kept below 20%.

EDX analysis was particularly useful on carbon replicas, where the precipitates are
separated from the matrix. In thin foils, the size of most of the particles is so small that
EDX patterns often contain an important contribution from the matrix. Most of the
phases, once characterised by diffraction and composition, can be directly identified from
their EDX pattern.



Chapter 8

Precipitation behaviour of NF709
and NF709R under static ageing at
750 °C and 800 °C

8.1 Introduction

NF709, a 20Cr-25Ni austenitic steel, manufactured by Nippon Steel, is currently set as
a standard for its creep and corrosion resistance. Studying its microstructural evolution
during ageing at elevated temperatures is of great interest, both to ensure that no phase
forms which is detrimental to creep properties and which could invalidate the extrapo-
lations of short-term creep tests, and to identify a precipitation sequence which cannot
be deduced from the existing literature. NF709 has a composition which distinguishes
it from the existing 20/25, as it contains a unique combination of carbon and nitrogen

together with niobium and titanium.

8.2 Material and experimental procedures

Two grades of NF709 were provided by National Power. The compositions are given in
table 8.1. Little information could be obtained about the production route and the exact
heat treatment: NF709R was cold-drawn, solution treated at 1200 °C and water quenched;
the duration of the solution treatment is unknown. The solution-treatment temperature
for NF709 is also unknown but is stated to be above 1100 °C. The experimental methods
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NF709 Cr Ni Mn Mo Si Nb Ti N C B P
wt% 20.28 2495 1.00 1.50 0.41 0.26 0.05 0.167 0.06 0.005 0.006
NF709R Cr Ni Mn Mo Si Nb Ti N C B P
wt% 22.22 2534 092 140 038 024 0.05 0.17 0.03 0.005 0.022

Table 8.1: Compositions of the two grades of NF709 provided by National Power.
In both cases, S is 0.001 wt%

mentioned below are described in greater detail in chapter 7.

Samples were sealed in argon and aged in furnaces at 750 and 800 °C. Specimens for
optical microscopy were electrolytically etched with a solution of 10% (by mass) oxalic
acid in distilled water for general etching, and in a solution of 56 g / 100 ml KOH in
distilled water for outlining o-phase, according to the procedures described in [8].

Thin foils for TEM (transmission electron microscopy) examination were electropol-
ished using a solution of 5% perchloric acid in 2n-ethoxy-butanol, in a twin-jet electropol-
isher.

Extraction was performed by dissolving the matrix electrolytically with a solution of
10% HCI in methanol at 5-6 V. The residues were then filtered with a membrane filter of
0.2 pym pore size. It was verified by prolonged centrifugation that no detectable amount
of particles were left in the solution after filtration. X-ray analysis was performed in a 2-6

diffractometer.

8.3 As-received material

8.3.a Prediction of the phases present in the as-received state

It is difficult to make meaningful predictions for the as-received state as the exact
conditions of solution treatment are not known. Table 8.2 shows the predicted phases
and their amounts at the given solution treatment temperatures, 1100 °C for NF709 and
1200 °C for NF709R.

Since both tubes underwent different solution treatments and probably different me-
chanical treatments, it was necessary to characterise the as-received condition thoroughly.

The two materials had substantially different initial hardnesses and grain sizes (table 8.3).
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NbN wt% TiN wt%
NF709 0.260 0.064
NF709R 0.200 0.063

Table 8.2: Predicted equilibrium precipitates and their weight fractions at the so-
lution treatment temperatures for each steel.

HV 10 kg Average grain size
NE709 178 £1.0 51 pm
NF709R 162+ 1.6 90 pm

Table 8.3: Initial hardnesses and grain sizes of NF709 and NF709R. Grain sizes
calculated according to [106].

The X-ray analysis of extraction residues showed further differences between the two
steels. As indicated in table 8.4, NF709 does not seem to contain any Z-phase in the
as-received state but instead contains substantial amounts of NbN. By contrast, NF709R
does not show NbN but traces of Z-phase.

NbC NbN TiC  (Nb,Ti)C  TiN CrNbN
(38-1364) (38-1155) (32-1383) (47-1418) (38-1420) (25-0591)
NF709 VS VS VS
NF709R S VW

Table 8.4: Results of X-ray analysis of extraction residues for the two as-received
materials (VS: very strong, S: strong, W: weak, VW: very weak).

These results are in agreement with SEM (scanning electron microscopy) observations.
Relatively large precipitates are found in both steels (up to 3 pym for TiN and 1 pym for
NbX). Their sizes are typical of residual precipitates, which are not dissolved during the
solution treatment. But, while TiN is found in both steels, the EDX (energy dispersive
X-ray) spectra of Nb rich particles revealed the presence of a substantial amount of Cr,
giving a composition closer to that expected for Z-phase.

Because it was not clear whether this difference should be attributed to a different
solution treatment or to the difference in chemical composition, samples of both steels
were solution treated 2 h at 1200 °C. Both steels reacted fairly differently, with NF709
showing exaggerated grain growth and presenting a bimodal grain size distribution, while
NF709R still presented a normal grain size distribution (see figure 8.2). In both cases,

the weight fraction of filtered residues was smaller than in the as-received state. X-ray
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Figure 8.1: X-Ray diffraction on extraction residues for as received NF709R, the
main peaks for identified phases are given, other peaks are all related to one of the

two phases or the Al support

analysis did not reveal any change in the nature of the phases present (see table 8.4),

which were the same as for the as-received samples. The new grain sizes are given in

table 8.5.
HV 10 kg Average grain size
NFE709 15742 146 4+ 30pum
NF709R | 158 +2 128 £ 10pm

Table 8.5: Hardness and grain size of NF709 and NF709R after 2 h at 1200 °C.
Grain size calculated according to [106].
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Figure 8.2: Microstructure of NF709 and NF709R after 2 h at 1200 °C. Etched 60 s
in a 10 wt% solution of oxalic acid in water.
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8.4 Short term ageing

Specimen of NF709 and NF709R were aged for 1 h, 100 h (NF709) and 200 h at 750°C.
Extraction results (figure 8.3) show that the precipitation of My3Cg occurs at very early
stages, although subsequent changes in the X-ray spectra of the residues indicate it is not

yet completed.
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Figure 8.3: X-ray analysis of extracted residues for NF709 aged 1 h (A) and 200 h
(B) at 750 °C, and NF709R aged 200 h (C) at 750 °C. Only the most intense peak
for each phase is indicated, all other peaks have been identified as belonging to the
identified phases, but are not indexed for clarity.

The morphology and distribution of the precipitates differs significantly between the
two variants of NF709. Figure 8.4 shows optical micrographs of NF709 and NF709R aged
200 h at 750 °C. The alignment of precipitates observed in the 22Cr variant is not found
in the 20Cr sample. Both steels show relatively intense precipitation on grain boundaries,

incoherent twin boundaries, and, to a lesser extent, on coherent twin boundaries.
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Figure 8.4: NF709 (a) and NF709R (b) after 200 h at 750 °C, etched 10 s in a
10 wt% solution of oxalic acid in water. (a/1) points to grain boundary precipitates,
(a/2) to incoherent twin boundary precipitates and (a/3) to coherent twin boundary
precipitates. (b/1) shows alignment of precipitates.
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8.4.a TEM identification of the phases present in NF709

In addition to the phases identified by X-ray analysis of extracted residues, TEM in-
vestigation of carbon replicas revealed the formation of Z-phase (CrNbN) on dislocations,
as shown in figure 8.5.

M,3C¢ was found at numerous sites, as shown in figure 8.6: strong presence on grain
boundaries, with a globular morphology, on incoherent and coherent twin boundaries with
a plate morphology, and around residual NbX residual precipitates. All these occurrences
are well documented and have been reported on numerous occasions, with the exception
of the formation of plates around residual NbX particles which is more seldom reported
(chapter 2). As reported in the literature, Ms3Cg has a cube-to-cube orientation rela-
tionship with the austenite, and its lattice parameter is three times that of the matrix;
typical diffraction patterns appear as shown in figure 8.6 (d) and (f). After identifica-
tion by diffraction and EDX, it became evident that EDX fingerprints were sufficient to
distinguish My3Cg and Z-phase without possible confusion.

It is interesting to note the differences between the results obtained by X-ray analysis
of extracted residues, and those obtained using TEM, particularly with regard to Z-phase.
Although this phase is found with the latter, it was not detected with the former method.
One of the possible causes is the size of the Z-phase precipitates. As can be seen in
figure 8.5, these are seldom more than 50 nm in length after 200 h of heat treatment at
750 °C. This is significantly smaller than the 200 nm pore size of the membrane filter.
To verify whether Z-phase particles were retained by the filter, the filtered solution was
centrifuged. Since no deposit was found after prolonged centrifuging, it can be concluded
that Z-phase was either dissolved or its quantity was too small to give a significant signal.
Z-phase is found, with this method, in the as-received NF709R because it is present as
residual particles, that is, coarse particles formed during solidification and undissolved by
the solution treatment. By contrast, Z-phase formed during ageing was never found in

the extracted residues.
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Figure 8.5: Transmission electron micrographs of a carbon replica of NF709 after
200 h at 750 °C, (a) low magnification image, with M53Cg on (a/1) residual NbN
and on (a/2) grain boundaries; (b) high magnification image showing (b/1) Z-phase
precipitates on a dislocation, and (c) EDX spectrum from the particles identified by
the arrow in (b), the strong copper signal comes from the grid supporting the replica.
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Figure 8.6: The various locations and morphologies of M3 Cg in NF709 after 100 h at 750 °C: (a)
forming on grain boundaries, (b) as plates on incoherent twin boundaries, and (c¢) on coherent twin
boundaries (less frequent). (d) Diffraction pattern from the precipitate shown in (c), the indexed
points are for austenite and show the two orientations on each side of the twin boundary; M23Cg
has a lattice parameter about three times larger than that of austenite, but has the same structure
and a cube-to-cube orientation relationship. (e) Plate forming around a NbX residual particle
(formed during solidification and undissolved by the solution treatment), (f) typical diffraction
pattern from Ms3Cg with the austenite points indexed, and (g) typical EDX spectrum.
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8.4.b Mq3Cq after very short ageing

The precipitation of My3Cg is well advanced after 200 h at 750 °C. Both optical
microscopy and TEM reveal continuous arrays of relatively coarse precipitates on the
grain boundaries. Very short term aging was performed at 750 °C to estimate the speed
of transformation and to verify whether the predicted composition shift was observed
(chapter 6).

Figure 8.7 shows M43Cg precipitates on grain boundaries in NF709, after 1 h at 750 °C.
The composition, after correction to include the expected mass fraction of carbon (which
is not measured by EDX) is presented in table 8.6. The Fe content is significantly larger

than the equilibrium value.

200 nm

Figure 8.7: Transmission electron micrograph of a carbon replica of NF709 after
1 h at 750 °C, showing My3Cg formed on grain boundaries.

Element | Cr Fe Ni Mo
Wit% 55.0 16.8 3.2 10.8

Table 8.6: The average composition of Ma3Cg after 1 h at 750°C.

8.4.c TEM identification of phases in NF709R

The same phases were identified in NF709R as in NF709. Figure 8.8 shows coarse
M,3C¢ precipitates formed on the grain boundaries, in NF709R after 200 h at 750 °C.
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However, the aligned precipitates visible in figure 8.4 were identified as Z-phase and are
therefore present in quantities significantly greater than in NF709. Also, the aligned
particles observed (figure 8.8 (a)), which clearly correspond to precise crystallographic
planes, are not found in NF'709. TEM investigation of thin foils of the as-received NF709R
did not reveal an obvious difference in dislocation density, therefore making it difficult to

explain the difference in the way the precipitation of Z-phase occurs in the two steels.

(@)

Figure 8.8: TEM micrographs (a) of a thin foil of NF709R after 200 h at 750 °C, showing a
grain boundary decorated by M»3Cs and alignment of Z-phase particles, (b) of a replica at higher
magnification, showing Z-phase particles growing on a dislocation.
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8.5 NF709 aged 2500 and 5000 h at 750 and 800 °C

Figure 8.9 shows optical micrographs of NF709 aged 2500 and 5000 h at both tempera-
tures: both the grain and incoherent twin boundaries are covered with coarse precipitates,

together with most of the coherent twin boundaries. Interesting results could be obtained

@ (b)

Figure 8.9: Optical micrographs of NF709 aged (a) 2500 h, (b) 5000 h at 750 °C,
and (c) 2500 h, (d) 5000 h at 800 °C

from X-ray analysis of extracted residues: the relative intensity of the main peak for NbN
is clearly reduced between the samples aged 2500 h and 5000 h at 800 °C, as illustrated
in figure 8.10. This can be attributed to a dissolution of the residual NbN to the profit
of Z-phase (CrNbN).

A careful examination of the X-ray spectra, for both 2500 h and 5000 h at 800 °C,
also revealed a separation in the My3Cg peaks which was not detected by automated
methods. As illustrated in figure 8.10 (c), this is true for specimen aged at 800 °C but
not at 750 °C were only a small shoulder is visible near the top of the peak. Two distinct

lattice parameters could be estimated corresponding to a cubic phase and a cubic diamond
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Figure 8.10: X-ray spectrum of extracted residues from NF709 aged (a) 2500 h
and (b) 5000 h at 800 °C, and (c) comparison between the 2500 h at 750 °C and
800 °C showing a clear separation in the {660} peak of M23Cs at 800 °C; (d) accurate
determination of the lattice parameter of Ms3Cg in NF709 after 2500 h at 800 °C,
giving a = 10.683 A

phase (h + k + [ all even with h + k + | # 4n were absent so that the peaks for these
indices were unique rather than showing the separation illustrated above). The measured
lattice parameters are plotted as a function of cos?(6)/ sin(#) +cos?(#) /6, the Nelson-Riley
function, and extrapolated to # = 90° to minimise errors due to absorption [107]; this is
illustrated in figure 8.10 (d). Table 8.7 presents the different lattice parameters measured
for these ageing times. The lattice parameter measured for the diamond cubic phase,
later identified as Cr3NiySiN is significantly greater than the one reported for CrzNiySiC
(10.62 A, JCPDS 17-0330). Taking account of the literature covered in chapter 2, there
is no previous record of the lattice parameter of CrsNiySiN. The shoulder visible in figure
8.10 (c), for the peak (I) is evidence that the lattice parameter of this phase, formed at
lower temperature, is significantly closer to that of My3Cg. This might be related to the



8.5 NF709 aged 2500 and 5000 h at 750 and 800 °C 141

composition change of CrzNipSiX (where X refers to C or N): Williams [53] reported a
significant increase in the Mo content of this phase with temperature (about 7 wt% per

100 °C), which could explain the significant change in the lattice parameter.

Phase / Ageing time | 2500 h 5000 h
Mo3Cs 10.683 A 10.684 A
Cr3NiySiN 10.713 A 10.722 A

Table 8.7: The lattice parameters of Ma3Cg and CrsNiySiN at 800 °C for two
different ageing times.

TEM examination of thin foils confirmed the presence of a new phase whose compo-
sition matches closely the reported compositions of CrgNi,SiX; diffraction confirmed a
lattice parameter close to 10.7 A, and the diamond-cubic structure for which particular
extinction rules exist which have been mentioned earlier. This was, however, only seen
in a few diffraction patterns; the presence of the unexpected diffraction spots (e.g. 200)
in many others was attributed to double diffraction, as strong diffracted beams from the

austenite may act as secondary diffraction sources.

Figure 8.11: TEM micrographs of a thin foil of NF709 after 2500 h at 750 °C, show-
ing a coarse Cr3NiySiN precipitate on a coherent twin boundary. Diffraction pattern
of Cr3NiySiN precipitate, zone axis 001, indexed for austenite () and CrzNiySiN (8),
showing partial extinction of 200 from the precipitate ().
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8.6 NFT709R aged 2500 and 5000 h at 750 and 800 °C

As will be shown in this section, the precipitation sequence for the 22Cr version is fairly

different from that of NF709, in spite of their relatively similar chemical compositions.

Figure 8.12: Optical micrographs of NF709R, aged (a) 2500 h and (b) 5000 h at
750 °C, and (c) 2500 and (d) 5000 h at 800 °C. The arrows point to o-phase, which,
after 2500 h at both temperatures or 5000 h at 800 °C is found only in the largest
austenite grains.

After 2500 h at 750 °C, the microstructure reveals relatively dense intragranular pre-
cipitation. Precipitates of new morphologies are found on grain boundaries, similar to
those shown in figure 8.12 (b), and within the grains, as pointed in figure 8.12 (a). The
latter are found only in large grains. The same observations can be made after 5000 h
at 800 °C, although to a lesser extent, as illustrated by figure 8.12 (c) where most of the
smaller grains do not show new precipitates at the grain boundaries or new intragranular
precipitates.

After 5000 h at 750 °C, the quantity of the coarse grain-boundary and, particularly,
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of the plate-shaped precipitates has considerably increased, as shown by figure 8.12 (b);
while at 800 °C, the plate-shaped intragranular particles are still essentially found in the
larger grains.

Both these new particles were identified, using SEM, as o-phase, of composition close
to 44Cr 40Fe 10Ni 6Mo, at%, which is in satisfying agreement with the 46Cr 38Fe 10Ni
6Mo predicted with MTDATA for the same temperature.

The intragranular presence of o-phase only in large grains is explained easily in terms
of heterogenous nucleation: o-phase nucleation is easier on sites such as triple points and
grain boundaries. In grains of small sizes, the amount of surface for a given volume is
more than in large grains, and there is therefore a greater number density of easy grain
boundary nucleation sites for o-phase. Because nucleation is more difficult within the
grain, the tendency is for o-phase to form intragranularly only if grain boundary sites are
not available, and if the driving force for nucleation is large enough.

As is the case for NF709, a separation is observed between My3Cg and CrsNipSiN, in
the X-ray diffraction spectra of extracted residues, for NF'709R, after 5000 h at 800 °C but
not at 750 °C. As shown in figure 8.13, the separation is not as well defined as in NF709,
and accurate lattice parameters could not be determined. However, two peaks are clearly
overlapping, the one corresponding to the smaller lattice parameter this time having an
intensity of only 50% of the other. This can be explained by the composition modifications
presented by NF709R: the elements likely to control the amount of CrgNiySiN such as Si or
N are present in similar quantities, while the amount of C is halved, and as a consequence,

the amount of My3Cg is reduced.
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Figure 8.13: The {660} peak for M23Cs and CrsNi,SiN in NF709R after 5000 h at
800 °C, showing less separation than in NF709, shown in figure 8.10(c).
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Electron diffraction and EDX in TEM confirmed the presence of o-phase, as illustrated
in figure 8.14 (c), while replicas revealed the presence of aligned Z-phase precipitates as
observed after 200 h, figure 8.14 (a).

Figure 8.14: Carbon replicas of NF709R after 2500 h at 750 °C showing (a) the Z-phase precipi-
tates as found after 200 h, and (b) coarse CrzNiySiN and My3Cg precipitates on an incoherent twin
boundary. (c¢) Thin foil of NF709R after 5000 h at 750 °C showing a large (c¢/1) o-phase particle
together with (c/2) Cr3NiySiN on a grain boundary.
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8.7 Longer term ageing of NF709 and NF709R

All specimens were aged at least 10000 h at both temperatures, the longest ageing
treatment reaching 17500 h at 750 °C for NF709R. Only results up to 10000 h are presented
here.

Figure 8.15 shows optical micrographs of NF709 and NF709R after 10000 h at 750 °C
and 800 °C. The precipitation is clearly denser in the specimen aged at 750 °C, with

Figure 8.15: Optical micrographs of NF709 and NF709R aged 10000 h at 750 °C
(a and c respectively) and 800°C (b and d respectively).

NF709 showing a stronger presence of Msy3Cg and CrsNipSiN on twin boundaries and

intragranularly (figure 8.15 (a) and (b)); NF709R shows a more even distribution of o-
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Figure 8.16: The main diffraction peak for NbN, (a) at 750 °C and (b) 800 °C for
NF709 aged 2500 and 10000 h.

phase plates at 750 °C (figure 8.15 (c)). Following heat-treatment at 800 °C, o-phase is
present on grain boundaries and intragranularly (mainly in the larger grains) in NF709R.

The X-ray analysis of extracted residues revealed that, in NF709, NbN completely
disappeared following heat-treatment at 800 °C and almost so at 750 °C (figure 8.16).
This most likely follows the formation of CrNbN (Z-phase). As mentioned earlier, Z-phase,
which is observed in transmission electron microscopy is not found using this method,
probably because small CrNbN particles are dissolved during the extraction process. As
for specimens aged 2500 and 5000 h, a separation is visible between My3Cg and CrzNigSiN
in the specimen aged at 800 °C but not for 750 °C; the lattice parameters were calculated

to be:

Phase / Ageing time | 5000 h 10000 h
My3Cs 10.684 A 10.679 A
Cr3NiySiN 10.722 A 10.712 A

Table 8.8: The lattice parameters of M23Cs and Cr3NiySiN at 800 °C for two
different ageing times.

Using TEM, it was possible to confirm the nature of the intragranular plates: figure
8.17(a) shows a thin foil of NF709R, after 10000 h at 750 °C, in which large plates of o-
phase are found. The dislocations are decorated with Z-phase in a similar fashion as shown
in previous figures. Large CrzNiySiN particles were also found both on grain boundaries

and intragranularly as illustrated in figure 8.17 (b) and (c).
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Figure 8.18 shows precipitation on an incoherent twin boundary and on a grain bound-
ary in NF709 after 10000 h at 750 °C. The particles have coarsened considerably when

compared with similar observations after 100 h, as in figure 8.6 (b).

5000 10000 15000

Figure 8.17: Transmission electron micrographs of a thin foil of NF709R aged 10000
h at 750 °C: (a) intragranular plates of o phase and dislocations decorated by Z-phase.
Cr3Ni,SiN (b) on grain boundary and (c) as an intragranular plate.
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Figure 8.18: Transmission electron micrographs of a thin foil of NF709 after 10000 h
at 750 °C, showing considerable coarsening of precipitates when compared to similar
observations at shorter ageing times.
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8.8 Summary and Discussion

8.8.a Summary

Table 8.9 summarises the phases observations at different times for NF709 and NF709R,
aged at 750 °C and 800 °C.

Time (h) | 0 200 2500 5000 10000
NF709 NbN Mj3Cg(+) Ms3Cg(+) My3Ce(+) Ms3Cg(+)
TiN Z—phase(+) CI‘3N1251N(+) CI‘3N1281N(+) CI‘3NIQSIN(+)
(Nb,Ti)C NbN(-) Z-phase(+) Z-phase(+) Z-phase(+)
TiN TiN TiN TiN
(Nb,Ti)C NbN(-) NbN(-) NbN(-)
(Nb,Ti)C (Nb,Ti)C (Nb,Ti)C
NF709R | TiN Z-phase(+) Z-phase(+) Z-phase(+) Z-phase(+)
Z-phase M23C6(+) M23CG(+) M23CG(+) M23CG(+)
TiN CrsNi,SiN(+)  CrsNisSiN(+)  CrsNinSiN(+)
o(+) o(+) o(+)
TiN TiN TiN

Table 8.9: Summary of the different phases identified over the ageing treatments
at 750 and 800 °C. (+) indicates a phase forming during the ageing treatment, (-) a
phase dissolving. The same phases were identified at 800 °C although the quantities
were, in some cases such as o-phase, obviously different.

8.8.b Cr3NisSiN and G-phase in 20Cr/25Ni steels

Although M4C is a quite frequently reported carbide in ferritic and austenitic steels
containing Mo, as Fe3gMo3C, the structure sometimes referred to as n encompasses a much
wider composition range [50] from M3sM4{X to M3M5SiX, where M indicates a substitu-
tional element such as Fe or Cr, while X indicates an interstitial element such as C or N.
n is a diamond cubic structure whose lattice parameter varies in the range 10.6-12.4 A.

Cr3NipSiX is a particular composition of the n structure, whose lattice parameter is
10.62 A (JCPDS 17-330), which makes it extremely similar to My3Cg from a structural
point of view, although the latter is cubic while the former is diamond-cubic. Very few
studies report its presence under normal ageing conditions, while it is more frequently
found in irradiated austenitic stainless steels.

In 1981, Titchmarsh and Williams [54] reported its presence in FV548, a Nb stabilised
version of type 316 stainless steel. In this steel, Cr3NiySiC is not found under normal
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In study Ct Ni Mo Mn Si Nb C N
Titchmarsh et al. [54] 16.5 12.0 144 1.14 0.35 0.92 0.11 -
Jargelius-Pettersson [55] 19.8 25.0 4.59 1.44 0.54 - 0.014 0.210
Powell et al. [60] 194 244 - 0774 061 0.68 0.037 0.01

Table 8.10: Composition (wt%) of the steels investigated in some of the studies
quoted.

ageing condition and its formation is attributed to the unusual segregation phenomena
occurring in irradiated steels. In particular, point defect sinks are often surrounded by
an increased amount of Si, because it is bound to the defects, and Ni, because it is slower
than other elements to diffuse away from the sink. In both the works of Titchmarsh and
Williams [54] and of Williams [53], the carbon content of CrzNiySiC is assumed. This
is supported by the fact that G-phase, another Ni, Si rich phase of composition close to
Ni;6NbgSi; and space group Fm3m, forms instead of Cr3NipSiC in variants with a low level
of carbon (0.02 wt%). A phase similar to CrsNiySiC is reported by Jargelius-Peterson
[65] in a 20/25 N-bearing steel, but as a nitride rather than a carbide.

The substitutional content of Cr3Ni,SiC undergoes significant changes as the temper-
ature of ageing is modified. Williams [53] reports increasing amounts of Mo and Fe sub-
stituting for Cr and Ni respectively, when the ageing temperature increases. He therefore
proposes the more general formula (Cr, Mo),(Ni, Fe),SiC. This study also gives evidence
against the idea that CrsNiySiC forms from My3Cg by infiltration of Ni and Si.

It is interesting to now study closely the precipitation of G-phase and 7 carbide under
conventional ageing in 20/25 steels. The former phase is reported in various studies on
20/25-Nb stabilised steels [60, 65, 66], while report of the latter was only found for a
20/25 N-bearing steel, where it is rather a nitride than a carbide. Powell et al. [60, 65]
and Ecob et al. [66] have found G-phase in a 20/25 Nb stabilised steel, and observed
that NbC partially transforms to G-phase with time. Ecob et al. [66] have related the
increasing relative instability of NbC compared to G-phase, in three different steels, to the
amount of oxygen present in the steels. To justify this observation, they proposed that
Si segregation was following oxygen segregation to the NbC particles, therefore creating
the thermodynamic conditions required for the formation of G-phase. Nickel segregation
may not be required in such steels, since the Ni content is more than double that of AISI

316 stainless steel.
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On the basis of these observations, it is possible to argue that G-phase is more stable
than CrzNisSiC in these steels: segregation provides the increased Si level required, while
the dissolution of NbC is expected to raise locally the carbon level. Both phenomena
are expected to be favourable to the formation of CrsNisSiC, which is nevertheless not
observed.

It seems therefore reasonable to say that if either phase was to be found in NF709 or
NET709R, it would be G-phase. However, none is observed, while CrgNisSiN is present in
significant quantities. In chapter 2, it has been proposed that observations on the effect of
nitrogen on the formation of MgC were better understood by considering MgC and other
compositions as occurrences of the same 7 structure. Again, the results here support the
idea that the 7 structure is generally stabilised by nitrogen, whether its composition is
Mo-rich or Ni/Si-rich.

8.8.c o-phase formation and effect on mechanical properties

The difference between NF709 and NF709R is noticeable given the relatively small
composition changes. As explained in chapter 2, o-phase formation is favoured by both
a high Cr and a low C content. The presence of o-phase in NF709R but not in NF709
is therefore not surprising and is in fact predicted from the SGTE (Scientific Group
Thermodata Europe) databases, using MT-DATA:

NF709 NF709R
750 °C 0.8 2.9
800 °C 0 2.45

Table 8.11: The amount of o-phase in wt%, predicted with MT-DATA for NF709
and NF709R, allowing for austenite, M23Cq, MgC, NbN, NbC, TiN, TiC, and o-phase.

The role of o-phase on mechanical properties, and particularly on creep strength, in
austenitic stainless steels, is not clearly defined, and some attribute the main cause of a
reduction of toughness to the general formation of carbides and nitrides [108].

The formation of copious amounts of o-phase caused great concern about the ductility
of NF709R after long term service. The results of creep tests provided by Nippon Steel
were examined to identify the possible effects of the presence of this phase on the creep

ductility. It is not clear what were the exact compositions of the steels used in the tests,
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as only a label “22Cr” would distinguish some of the compositions tested. It was assumed
that the “22Cr” labelled data were for NF709R while all others were for NF709.

As can be seen in figure 8.20, the results are the opposite of the expectations, with
NFT709R showing significantly better creep ductility, even for specimens with a rupture
life of 5000 h and more, where o-phase is expected in significant quantities.

An additional experiment was carried out to verify the deformation behaviour of the
steels provided: after ageing 10000 h at 750 °C, samples of both NF709 and NF709R were
deformed 30% in compression.

Figure 8.19 shows that grain boundary cracking was observed at various places in
NF709, but nowhere in NF709R. Moreover, the micrographs show that the intragranular
plates can deform to a limited extent.

These observations support the fact that carbide and nitride precipitation in general,

rather than o-phase alone, cause the embrittlement in these steels.

Figure 8.19: Optical micrographs of (a) NF709 and (b) NF709R deformed by 30%
in compression after ageing 10000 h at 750 °C. Grain boundary cracking is observed at
the corners of the specimen in NF709 (nowhere in the bulk material), not in NF709R.
The intragranular plates of o-phase are found to deform to a limited extent.
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Figure 8.20: Creep elongation and reduction of area for the creep tests results
provided by Nippon Steel at (I) 700 °C, (IT) 750 °C, (III) 800 °C. O are for NF709,
® for NF709R.
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8.8.d Quantifying the precipitation

The task of quantifying the amount of the different precipitates found in both NF709
and NF709R after different ageing times appeared impossible in practice. In the following,

the different methods are presented with their limitations.

t  Optical microscopy and scanning electron microscopy
For obvious reasons, most of the precipitates are not visible in optical microscopy.
Small precipitates are not visible, while larger ones cannot be distinguished by morphology
alone. Only o-phase quantities could be estimated because of its particular appearance

in scanning electron microscopy, when using backscattered electrons images (figure 8.21).

Figure 8.21: Backscattered electron image of grain boundary and intragranular
o-phase formed in NF709R after 10000 h at 750 °C, obtained in scanning electron
microscopy. Because o-phase does not contain interstitial elements such as C or N,
it has, in average, a greater atomic number than the matrix and appears brighter.
Carbides and nitrides, by contrast, are in average lighter than the matrix and appear
darker, as can be seen on some grain boundaries.

1w X-ray analysis of extracted residues

The problem of quantifying the amount of the different phases present in a powder from

its X-ray diffraction spectrum is well established. It is not possible to compare directly

the areas of the peaks because different phases have different absorption coefficients which

account for much of the intensity observed. In general, for a phase « in a polyphase
specimen [109]:

K KppiyaXa

pa (11/p), (&)

Ipktya =
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where I(pra is the intensity of the (hkl) diffracted line for phase «, K. a constant for
identical experimental settings, Ky @ constant for each diffraction line (hkl) of the
phase « in the melange, p, the density of the phase a, (u/p)s the mass attenuation
coefficient of the polyphase specimen, and X, the mass fraction of a in the melange.

Because the mass attenuation coefficient depends on the X;:

(5).-=(), -

J

the problem is mathematically undetermined.

The conventional method to work around this difficulty consists of using a reference
compound (corundum) added to the powder in a known quantity. With the help of
calibration values providing the ratio of the intensity of a reference peak of the phase to
quantify to that of corundum, it is possible to work out an amount present as a ratio of
that of corundum. However, this requires that I/I.,rundum are known. This was only the
case for Mo3Cg and o-phase, but the peaks of the latter were for the most part hidden by
peaks of other phases.

Further limitations of this method have been presented before concerning the size of
the precipitates retained by the filter during filtration and the possible dissolution of the

smallest particles.

1 Transmission electron microscopy

The smallest particles can only be seen during transmission electron microscopy, and
in the case of Z-phase, only on carbon replicas. In TEM, phases such as My3Cs and
Cr3NiySiN are difficult to distinguish on the basis of their morphology alone, and the use
of EDX analysis is essential. This makes extremely time-consuming the identification of a
number of particles large enough to provide reliable quantitative data, without mentioning
the corrections required because TEM is in practice the observation of a projected volume.

A TEM based technique appears to be a promising method for reliable quantitative
observations. Energy filtered TEM is similar to electron energy loss spectroscopy, but the
whole image instead of a single beam is filtered according to the energy of the electrons.
In this way, a composition map can be more or less easily obtained. However, the method

is still under development and remains extremely time-consuming.
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8.9 Conclusion

The precipitation sequence of NF709 and NF709R have been studied for heat-treatments
of different duration at 750°C and 800°C. It has been shown that, despite their similar
chemical compositions, these steels exhibit different precipitation behaviour. In particu-
lar, there is evidence that the nitride CrNbN, known as Z-phase, is more stable at higher
temperatures in NF709R than in NF709. Also, o-phase is found in copious quantities in
the latter but not in the former.

With support of the existing literature, the formation of Cr3Ni,SiN in both NF709
and NF709R is taken as evidence that the n structure is generally stabilised by nitrogen.

To verify whether the formation of o-phase was detrimental to the mechanical prop-
erties, the creep data provided by Nippon Steel were examined and aged specimens were
deformed, with a unique conclusion that NF709R, exhibits superior ductility when com-
pared with NF709.

Different experimental techniques have been used together as it has been demonstrated
that each presents serious limitations in a different domain of observation. In particular,
evidence is given that small precipitates dissolve during the electrolytic dissolution of the

austenite.



Chapter 9

Modelling the creep rupture life of
austenitic stainless steels

Being able to predict quantitatively the creep rupture life of a steel, or its 10° h creep
strength is of enormous interest for the design of alloys and their use in the power gen-
eration industry. Although tests cannot be avoided, a good quantitative model allows a
considerable reduction in the number of trials needed to match the expected properties.

When complex properties such as creep life or toughness are addressed, physical mod-
els are mostly of qualitative use, but are yet not able to deliver accurate quantitative
predictions as a function of the large number of controlling variables. Such problems
have long been solved using empirical modelling and experience. Most widely used are
probably the multi-linear and polynomial regressions (for example, in NRIM datasheet
6B, the tensile strength is modelled using a 3rd order polynomial). The methods have
some advantages: they require a small number of coefficients and are generally simple
to calculate. On the other hand, their flexibility is limited. They do not allow sufficient
interactions between the different input variables and consequently their range of validity
may be narrow. However, the continuous increase in computing power allows much more

complex regression methods to be implemented relatively easily.

9.1 Neural Networks for empirical modelling

All regression methods can be described generally in terms of neural networks. To

define a neural network, it is first necessary to present the single neuron.
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9.1.a The single neuron

A single neuron has a given number of inputs z;, and an output y. A weight w; is

associated with each input. The activation a of the neuron is defined by:

a= szxz (9.1)

Equation 9.1 sometimes takes the form ). (w;z; + h), where h is called the bias, but
in practice, this additional term is included in the general notation by considering wy
associated with the constant input 1.

A single neuron output is a function of its activation y(a) = f(a), where the function

f depends on the problem considered.
9.1.b More complex networks

The standard feedforward networks used in this work consist of 2 layers of neurons
interconnected as described in figure 9.1. These networks are also referred to as three

layers network which are the inputs, the hidden units and the output. The second layer

Figure 9.1: A three layers feedforward network identical to the one used in
this work. The activation function of the neurons in the first layer is a tanh,
and is linear in the second one. The complexity of the model is controlled by
the number of hidden units.

is often referred to as ‘hidden layer’ and its neurons as hidden units. Their activation
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function is non-linear, in the present case a tanh function. The third layer performs a
linear combination of each hidden unit output.

9.1.c Neural Network as a regression tool

In supervised learning, the network is presented with a data set D = {x("),t(")},
and the weights are adjusted so as to minimise an error function. In the light of the
description of a single neuron, performing a linear regression on a data set D can be
described as training a single neuron with a linear activation function. In the case of
the two layer network in figure 9.1, the learning process is equivalent to a multiple, non-
linear regression. The existence of an intermediate layer also allows the model to identify

interactions between variables.
9.1.d Learning and making predictions

The algorithm used to train the models has been written by D.J.C. Mackay. It imple-
ments a particular learning method using Bayesian statistics to infer the most probable

distribution for the weights given the data.

1 A simple example of inference
A good example to illustrate Bayes rule is that of someone drawing balls from 11 urns
each containing 10 balls. Of the 10 balls in each urn, u are black, and the rest are white.

Given that the person draws IV times (replacing the balls on each occasion) from a chosen

Figure 9.2: A person is drawing N times from a same urn « chosen among ten and
presents the result. The problem is to guess which urn the person has chosen and to
use this to predict the next draw.

urn, the problem is to guess from which urn u the person has drawn. In this case, Bayes
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rules is written:
P (n|u, N) P (u|N)

P (n|N)
that is, given that the person has drawn n black balls among N, the probability that urn

P (u|n, N) = (9.2)

u was used is the probability of drawing n black balls from u times the probability to

chose u, over the overall probability of drawing n balls. This last term is also:

P (n|N) =) _ P (n|u,N) P (u|N) (9.3)

To solve the problem, we can first assume (this is our hypothesis H) that the person
will chose any of the urns with the same probability, so that P (u|N), which is actually
P (u) since it does not depend on the number of draws, is 1/11; this is called the prior.
For each possible value of u, we can then compute the probability of drawing n black
balls, which gives a binomial distribution. If we are simply interested in knowing which
urn the person has most probably drawn from, that is to compare the different models,
there is no need to calculate the normalising constant P (n|N). The result is a probability
distribution on u, which, not surprisingly, is maximum for n = u. However, almost all
other possibilities have a non zero probability, as can be seen in figure 9.3, apart from the

two urns containing either only white or only black balls.
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Figure 9.3: The posterior probability for the chosen urn u, when n = 3 (N = 10). The
person has most probably drawn from the urn containing 3 black balls, but the probability
that he/she has drawn from other urns is not negligible. The right figure shows that when
more data are presented, (n = 30, N = 100) the probability of 4 = 3 is much greater than
u = 2 and v = 4 and that any other value of u is virtually impossible
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An interesting problem is to now use these results to predict how likely the person is
to obtain a black ball at the next draw. For this, we consider the different possible values
of u with their respective probability; for each of them, the probability of obtaining a
black ball is ©/10, so the overall probability is

u=10

> P (uln, N)u/10 (9.4)

This process is called marginalizing over all the possible values of u.

A traditional statistic approach would have used the most probable hypothesis (u = 3)
to make this prediction, and would have led to a value of 1/3. In the Bayesian approach,
all the possibilities are taken into account, but weighted according to how probable they

are.

1 Quantifying the uncertainty

One of the most interesting features of the Bayesian approach to inference problems,
is that it provides a quantitative estimation of the uncertainty in fitting a model to the
data. Figure 9.3 shows the posterior distributions for P(u) when n = 3, N = 10 and
n = 30, N = 100. In the first case, the distribution is spread, while it is sharply peaked
in the second one. Consequently, the predictions made on the basis of the second model
(n = 30, N = 100) is associated with a much smaller uncertainty than those made
using the first set of data. The reader interested in the relatively complex mathematical

treatment of this problem can refer to [110].

it Application to neural network learning

Neural networks are usually trained by minimising an error function such as equation
9.5:

Ep = %Z (10 — y©)?

i

where Ep is the overall error, and Ey the regulariser, used to force the network to use

small weights (equations 9.5). « and j are control parameters which largely influence
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the complexity of the model. ¢ is the target for the set of inputs x®, while y® is the
corresponding network output.

The method used in this study, developed by MacKay [111], is based on Bayesian
probability theory and treats learning as an inference problem.

Rather than trying to identify the best set of weights, the algorithm infers a probability
distribution for the weights from the data presented. When making predictions, the
variety of solutions corresponding to different possible sets of weights are averaged using

the probabilities of these sets of weights, a process called marginalising.

Outputs

Inputs

Figure 9.4: Where data are sparse, the probability distribution of the weights is
wider, and predictions are accompanied by a larger error bar.

A major consequence is that it is possible to quantify the uncertainty of fitting: if
the inferred distribution is sharply peaked in the weight space, the most probable set
will give by far the largest contribution to the prediction and alternative solutions will
have little importance. As a consequence, the prediction will be associated with a small
uncertainty. If on the contrary, the data are such that different sets of weights are similarly
probable, alternatives will contribute in similar proportions and the error bar will be large,
as typically occurs in regions of the input space where data are scarce or exceptionally
noisy. This is illustrated in figure 9.4.

In this context, the performances of different models are best evaluated using the log

predictive error (LPE) as defined below. This error penalises wild predictions to a lesser
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extent when they are accompanied by appropriately large error bars.
1 2 2
LPE = Z {5 (£ — y™)" Jolm)” 4 log <\/ 27 Jém)>] (9.6)
m

where og(lm) is related to the uncertainty of fitting for the set of inputs x(™.

9.1.e Practical aspects of the neural network training

1 The overfitting problem

Because of the great flexibility of the functions used in the network, there is a pos-
sibility of overfitting data. Two solutions are implemented which contribute to avoid
overfitting. The first is contained in the algorithm due to MacKay: the complexity pa-
rameters « and [ are inferred from the data, therefore allowing automatic control of the
model complexity.

The second resides in the training method. The database is equally divided into
a training set and a testing set. To build a model, about 150 networks are trained
with different numbers of hidden units and seeds, using the training set; they are then

used to make predictions on the unseen testing set and are ranked by LPE. Figure 9.5

y (B)

Test error

(A) Training error

X Complexity

Figure 9.5: (A) When a model has overfitted the training data (e), the error on the
test data (x) is larger then for an optimum model which fits the trend but not the
noise. (B) illustrates the behaviour of the error on the training and testing sets as a
function of the complexity of the model.

illustrates the behaviour of the error on the training and the testing set. Because it is
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possible to obtain a near perfect fitting, the error on the training set is always decreasing
with increasing complexity. The error on the testing set decreases at first, as the fitting

improves, but increases again when overfitting occurs.

1t Choice of variables

Careful selection of the input variables and of the output is essential to the construction
of a good model. For example, if a particular combination of two variables is thought
to be of particular importance, it can be included as a variable itself. The same applies
to functions of relevant variables. In creep problems for example, log(¢) is much more
relevant than ¢, and models trained to predict log(t) perform much better than those
with ¢ as an output.

Because the algorithm includes an automatic relevance detection [110], variables which
are either redundant or found to be irrelevant are affected a zero weight. There is therefore

little to gain in reducing the number of input variables by any other process.

11 Other practical aspects of the training
To ensure a good distribution of the data in the data set, it is first randomised, or
rather re-organised, with every odd line being moved to the testing set. However, this
procedure has been found to be inappropriate in this particular case, as will be explained
later. Another important step is the normalisation, which brings the range of variations
of all the variables between —0.5 and 0.5. This is to avoid having very different scales of

variations between the different inputs.
9.1.f Committee Model

The complexity of a model depends on its number of hidden units. Therefore, models
with different numbers of hidden units will give different predictions.

To explain the origin of another potential difference between models, the example of
the urn is useful. To estimate the probability of a black ball being drawn at N + 1, it was
first assumed that the choice of the urn was totally random, ie P(u) = u/11. However,
this might not be the case. Maybe some are easier to access than others ? For example, if
urn 4 is much easier to access than urn 3, our final guess of which urn has most probably
been used might be changed, particularly if V is relatively small, as in figure 9.3 where 3
and 4 are not far from equiprobable under the assumption P(u) = 1/11.

This illustrates the fact that the prior P(u) or P(©|H) in the general case, is important
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for our predictions.

The same apply when calculating the posterior distribution P(w|c«, 3, H). For a given
number of hidden units, the predictions of a model still depends more or less strongly
on the prior distribution of the weights. In practice, the distribution is assumed to be a

Gaussian, whose parameters are fixed by a seed.

t The training process
For this reason, the training process involves in fact the training of a large number
of models with different numbers of hidden units (typically 1 to 25), and different priors,
that is different seeds (typically 5).
These models are then ranked according to how they perform on unseen data. Most

of the time, a combination of the best models performs better than a single model.

it Committee model
To determine the optimum number of models to use in a committee, the combined
prediction error is calculated for an increasingly large number of models. Most of the
time, this combined error presents a minimum which corresponds to the optimum num-

ber of models to be used (see figure 9.6). The committee prediction is the average of
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Figure 9.6: An example of the variation of the combined test error when
the number of model in the committee is increased. In this case, the optimum
number of model is found to be 4

the predictions of the models constituting the committee, while the error is calculated
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according to:
_ 1
7= 7 El y¥
1 2 1 N2
O'2 = E El O':,Sl) + E E (y(l)—y) (97)

1
where L is the number of networks in the committee, and, in this particular case, o is the
standard deviation. Note that we now consider the predictions for a given, single set of
inputs and that the exponent (I) refers to the model used to produce the corresponding
prediction 4. In practice, an increasing number of networks are included in a committee
and their performances are compared on the testing set. Most often, the error is mini-
mum when the committee contains more than one model. The selected models are then

retrained on the full database.

9.2 Traditional empirical method for creep strength
predictions

The need for quantitative predictions of the creep strength, or the rupture life, of
austenitic stainless steels has led to the use of more or less complex regression methods.

For example, the influence of some alloying elements has been studied [6] using linear
regression, such as equation 9.8 or 9.9, which estimate the 10* h creep rupture stress as a

function of the composition in wt%, for AISI 316 and 304 respectively.

Opiotn = 173.8 4+ 7243(B) 4 961.1(N) + 1145(S) — 7.5(Cr) (9.8)
Opitn = 90.81 + 115(Mo) + 498.5(W) (9.9)

The NRIM (National Research Institute for Metals, Japan) uses traditional methods
to fit the creep curves of each steel studied. Typically, a time-temperature parameter such
as the one given in equation 9.10, is fitted by a polynomial of log(o) (equation 9.11), and

allow, for a given composition, extrapolation to different stresses and temperatures.

_ log(tR) - log(ta)
P = T (9.10)

by + by log(a) + by(log(0))* + - -+ &; (9.11)

P
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where g is the time to rupture, 7" the test temperature, ¢, and 7, adjustable parameters,
b; the coefficients of the polynomial and e; an error term. As can be seen in the datasheet
NRIM 28B, these parameters vary significantly even between different heats of the same
grade (in this case SUS 347H, an 18Cr-12Ni-Nb wt% stainless steel).

The limitations of such methods are obvious: the composition range is limited to vari-
ation within a grade of austenitic stainless steel, or less. Non-linear effects or interactions
can not be identified and extrapolations are made without any indications as to whether
they are safe or not. However, they are easy to implement and to publish, consisting of a
maximum of 10 parameters.

On the other hand, neural network models require substantial computational power,
and printing the set of weights making up a single network is not feasible. These limi-
tations, though, are disappearing as it is now possible to publish the software on the world

wide web, as it has been done with all the models described here (www.msm.cam.ac.uk/map).

9.3 Building a database

A large database was compiled for the creep properties of various grades of austenitic
stainless steels: AISI 304 (basic 18Cr-12Ni), AISI 316 (304 + Mo), AIST 321 (304 +
Ti), AISI 347 (304 + Nb) and many variants designed for heat-resistant applications (for
example, 316 + Ti, Esshete 1250, etc.). It contains a total of about 3500 entries which,
as explained above, are equally distributed between the training and testing sets.

Figure 9.7 gives an idea of the distribution of each input against the logarithm of the
rupture life. ~ The dataset included all of the following NRIM datasheets : 5B, 6B, 45,
28A, 16B, 26B, 14B, and most of the data published by the British Steelmakers Creep
Committee [112] for 304, 316, 321 and 347. Only limited data could be extracted from
publications [49, 61, 113, 114, 42, 115, 26, 116, 117, 118, 119, 120, 121, 122, 123, 124].
This is essentially because of non standard pre-test mechanical treatments performed in
order to accelerate the evolution of the microstructure.

The data set includes the following variables: test conditions (stress and temperature),
chemical composition, solution treatment temperature and time (the latter being avail-
able in a very limited number of cases), nature of the quench following, grain size, and

logarithm of rupture life. The minimum and maximum values are given in table 9.1. Be-
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Figure 9.7: The distribution of the different inputs against the log of creep rupture life.
This way of representing the data should not hide the possibility of numerous non docu-

mented intera

ctions.
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cause the algorithm includes an automatic relevance detection [110], variables which are

either redundant or found to be irrelevant are affected a zero weight. There is therefore

little to gain in reducing the number of input variables by any other process.

Input variable

Minimum Maximum Mean

Std deviation

Test Stress (MPa) o 443 145 72
Test Temperature (°C) 500 1050 667 71

log (rupture life / h) -0.200 5.240 3.324  0.879
Cr wt% 12.98 22.22 18.08 1.35
Ni wt% 8.40 32.48 13.82 547
Mo wt% 0.00 2.82 1.05 1.10
Mn wt% 0.56 2.50 1.36  0.35
Si wt% 0.040 1.150 0.545 0.171
Nb wt% 0.000 2.980 0.242  0.449
Ti wt% 0.000 0.560 0.131 0.199
V wt% 0.000 0.090 0.004 0.011
Cu wt% 0.000 0.310 0.051 0.074
N wt% 0.000 0.170 0.029  0.052
C wt% 0.012 0.330 0.062 0.025
B wt% 0.000 0.005 0.001 0.0016
P wt% 0.000 0.038 0.021 0.0067
S wt% 0.000 0.030 0.012 0.0071
Co wt% 0.000 0.540 0.037  0.1090
Al wt% 0.000 0.520 0.029 0.0804
Solution treatment temperature (°C) 1000 1350 1102 51

Table 9.1: The different inputs in the data set.

Compositional data were often missing. In such circumstances, elements usually known

to be deliberate additions were set to zero while impurities were set to the average of the

available data (e.g. phosphorus and sulphur). There is undoubtedly a regrettable loss of

information when the amounts of elements such as Mo or Nb present as impurities are

not given, as there is evidence that these elements have an influence [6].

9.4 Creep rupture life model

It is usual to attempt to predict the rupture strength for a given life time. However,

the creep stress is only present as a finite number of discrete values while the rupture life

is much more continuously spread, and therefore seemed a more appropriate target.

When training a model, the choice of input variables is of great importance. Also,

when a combination of these variables is believed to be of particular importance, the
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model can be improved by adding the combination as an explicit variable. The model
was trained on the logarithm of the rupture life rather than the rupture life itself, and

the calculated stabilisation ratio was used, as given below:

Nb/8 + Ti/4

Stabilisation Ratio =
abilisation Ratio CEN

(9.12)

where the concentrations are in weight %. This is because precipitation of MX (where
M is either Nb or Ti and X either C or N) is believed to be of particular importance to
the creep behaviour of austenitic stainless steels, as will be discussed in more detail later.
To avoid biasing the model, the individual variables making up the stabilisation ratio are
also included, so that a direct influence of any of them can also be detected. Other input
variables are as given in table 9.1.

Because some inputs were not always given (the solution treatment temperature for
example), about 1000 amongst the 3500 entries of the database could not be used.

About 130 networks were trained with up to 22 hidden units and 6 different seeds.
As expected, the perceived level of noise during training decreases as the model becomes
more complex. The results of the training are shown in figure 9.8.

The purpose and method for building a committee model has been discussed earlier.
In this case, the optimum committee was found to have 4 members. The perceived
significances o,, for these four models are shown in figure 9.9. They represent the extent
to which a particular input explains the variation of the output, rather like a partial
correlation coefficient in a multiple linear regression analysis.

The predictions of the final committee model (figure 9.10) contain a very few outliers
considering that there is a total of about 2000 points. The improvement is clear compared

with the best model alone.
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data (testing set (f)). (e) and (f) are plots of the predicted rupture life (R.L.) against the experimental
values, in this case both are normalised.
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9.5 Creep strength model

The creep strength model was built essentially to facilitate quantitative comparisons
with literature. In this case, the target was the stress and the life time was an input. The
solution treatment temperature was not included to allow use of the entire database.

It seems of little interest to reproduce here all the results from the training such as
test error or LPE as a function of number of hidden units as their evolution was similar
to that observed for the creep rupture life model. In this case, the optimum number of
models in committee was found to be 12. The performance of the committee is shown in
figure 9.10.

9.6 Applications

9.6.a Molybdenum in AISI 304 and AISI 316

The difference between AISI grades 304 and 316 resides essentially in the addition of
about 2 wt% of molybdenum. The chromium and nickel concentrations are smaller and
larger, respectively, for AISI 316 compared to AISI 304. Rupture stresses for 10 h at
650 °C are respectively around 80 MPa and 110 MPa [125].

There are no specifications as to what the maximum level of molybdenum should be
for the AISI 304 steels. It is common to find up to 0.5 wt% Mo in these steels. For AISI
316, an addition of 2-3 wt% Mo is specified. It has been shown that molybdenum has a
beneficial effect on creep strength because of its solution strengthening role, although this
effect can disappear after prolonged ageing due to the formation of Mo-rich Laves phase
[6].

Figure 9.11 illustrates the predicted effect of molybdenum on the 10* h rupture stress.
The initial increase is consistent with equation 9.9, which predicts a strong effect of
small additions of Mo in 304. The predicted gradient (assuming a linear variation) is
38 MPa / wt% between 0 and 0.02 Mo wt%, which is lower than the one given by equation
9.9. Particularly interesting is that the trend between 0 and 1.1 wt% of molybdenum
shows an excellent agreement (correlation 0.995) with a c'/2 (where c is the concentration)
dependence expected for a solution strengthening mechanism [126].

The flattening of the curve would be consistent with precipitation of a molybdenum
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Figure 9.11: (A) The predicted effect of Mo on (a) the 10* h and (c) the 10° h rupture
stress at 650 °C, (b) and (d) are the error bounds for (a) and (c) respectively. (B) MT-
DATA prediction for (a) the amount of Laves phase and (b) the amount of Mo in solid
solution in austenite for a steel of same composition (phases allowed were austenite, M3 Cg,
M;C, Laves phase, o phase, ferrite and liquid). The base composition used can be found in
table 9.2.

rich phase, which would keep the matrix content at a constant level. In this regard, the
shift of the plateau between the 10* h and the 10° h rupture stress could be related to
the kinetics of this precipitation. Calculations made on this composition with MT-DATA
(fig. 9.11B) actually reveal a consistent trend in the Mo content of the austenite when
increasing the bulk Mo content, but indicate that Laves phase is only expected for Mo

content greater than 2.2 wt%.
9.6.b Chromium and boron

According to equation 9.9, chromium slightly reduces the creep rupture strength. Un-
fortunately the mechanism does not seem to be understood. It was possible to reproduce
this trend for a type 316 steel as illustrated in figure 9.12. The gradient for compositions

close to 16 wt% Cr is in very good agreement with the value of 7.5 found in equation 9.9.

Additions of boron have been found to increase substantially the creep life of austenitic
stainless steels, as emphasised by the large coefficient it is attributed in equation 9.8. The
predicted effect of boron was found to be similar, with a slope of about 5700 MPa / wt%
(see figure 9.12).



9.6 Applications 175

T T T T (6 140 b T T
s @ 3 (0)
S 140+ A E
7 n
2 g 1201 ] 1
g 120 1 g ; i |
2 =] 'R
o s Loy
S Slookﬁruw 1
= - [ A A
QS 100 f E )
— AlS| 316 —=—
1 1 1 1 80 AlS| 347 e 1 1
15 16 17 18 19 20 0 0.001 0.002 0.003
Cr / wt% B / wt%

Figure 9.12: (a) The predicted influence of chromium on the 10* h rupture stress
at 650 °C for a typical 316. (b) The effect of boron on the creep rupture stress for
two different steels. Detailed compositions for these examples are given in table 9.2

9.6.c The stabilisation ratio and solution temperature

There has been much work on the influence of the amount of ‘stabilising elements’
such as Nb, Ti, V or Zr, which prevent the formation of chromium carbides, on the
creep properties of austenitic stainless steels. The problem is generally described using
a stabilisation ratio (eq.9.12), which is a convenient estimate of the extent to which
carbon, nitrogen and the stabilising elements deviate from stoichiometry during compound
formation [12, 116, 127].

Keown and Pickering [116] estimated that the best creep properties were obtained for
stoichiometric additions of Nb while more recent work [11] claims that ‘under stabilising’
C is better. This is because data from long term experiments [11] have shown that the
trend observed by Keown and Pickering for rather short term experiments (average 3000
h) do not extrapolate well. For Ti on its own, the agreement is that a larger stabilisation
ratio produces the optimum creep strength [6]

For short term tests, optimum creep properties have often been found when the pre-
cipitation of MX was maximised by using stabilisation equal to or greater that unity.
However, according to [6], the creep of austenitic steels is essentially diffusion controlled
in service conditions, which could explain why there is no great benefit in maximising the
amount of MX precipitates.

Figure 9.13(a), shows that the neural network model was able to reproduce the ex-
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Figure 9.13: (a) The effect of the stabilisation ratio (increase of Nb) on the creep rupture
life of a typical 18Cr-12Ni steel at 650 °C. Optimum short term creep properties are ob-
tained for close to stoichiometric additions, while understabilisation is better for long term
properties. (b) the effect of an increase of Ti: the stabilisation ratio which produces the
optimum creep strength is larger than in (a).

pected trends for Nb additions. For short term tests, the best properties are obtained
for a stabilisation ratio equal to or slightly greater than unity. For longer term tests, the
influence of stabilising elements is predicted to be less and the optimum addition much
below a stoichiometric ratio. On the right of the same figure is the effect of Ti addition
on the 10* and 10° h rupture stress of a typical 18-12 steel, showing that the model cor-
rectly predicts best properties at a larger stabilisation ratio, although this ratio still shifts
slightly towards understabilisation for longer times.

Figure 9.14 (a), shows the effect of the solution treatment temperature for different
levels of Nb (see base composition in table 9.2). This is in very good agreement with the
hypothesis [12] that the optimum creep properties are obtained when as much as possible
of MX forming elements are put in solution before service: with an increased level of
niobium, the solution treatment temperature that dissolves the maximum amount of
Nb(C,N) is increased. Figure 9.14(b), is a prediction of the amount of NbC (calculated
with MT-DATA [83]) found in a steel of composition equal to that used for the predictions
above, (steel with 0.32 Nb wt%). It shows that all of the carbon and niobium are in
solution only at temperatures larger than 1250 °C, which closely matches the optimum

solution treatment temperature for this composition.
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Figure 9.14: (a) the predicted effect of the solution treatment temperature on the creep
rupture life of a typical 18-12 steel (see table 9.2). On the right, the amount of NbC present
as a function of the solution treatment temperature, in the 0.32Nb wt%, calculated with
MT-DATA (allowing for austenite, ferrite, liquid, TiC, NbC, TiN, NbN, M23Cs and o-
phase). The solubility limit corresponds closely to that for which optimum creep properties
are predicted.

9.6.d Comparison with other methods

The recent revision of the NRIM (National Research Institute for Metals, Japan)
datasheet no. 28 (28B, data for SUS 347H TB) contains considerably more long term
data than did the previous version 28A. At the time when the database used in the
present work was compiled, these new data were not available and therefore have not
been used to train the models. It is interesting to compare the predictions of our model
with those made by the NRIM on the same data.

The 10° h rupture stress was predicted using the neural network model for two steels
of the NRIM 28B datasheet (AEA and AEG), for temperatures ranging between 600 and
750 °C.

Figure 9.15 shows the predictions of the neural network model against those made by
the NRIM, using the Orr-Sherby-Dorn method, on the previously published data, and the
recent results published in revision 28B. The agreement with experimental data is good,
particularly in the case of steel AEG where the neural network produces significantly
better predictions than the Orr-Sherby-Dorn method used by the NRIM. It should also
be noticed that the trends for both steels have been correctly predicted, despite their

apparent similarity in composition (see table 9.2).
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Figure 9.15: Comparison between the neural network model predictions (shaded area), the
predictions made by NRIM using the Orr-Sherby-Dorn method (line) and the experimental
values published in the recent revision 28B (points). See table 9.2 for full compositions.

9.6.e Software

A number of other trends predicted by the models have been examined, which have
been found to be reasonable from a metallurgical point of view, amongst which a positive
effect of Cu, of P within a limited range (however this element causes embrittlement and is
therefore kept much below the level giving optimum creep rupture strength). The number
of possibilities of interactions are such that it is not possible to study them fully. The
database used to create the model covers a large range of compositions and its application
does not stop at the AISI 300 series. The software capable of doing these calculations can

be obtained freely from http://www.msm.cam.ac.uk/map/map.html.

9.7 Summary and conclusions

The creep rupture life for a given stress, and the creep rupture stress for a given life
have been analysed using a neural networks method within a Bayesian framework. The
data were obtained from a variety of sources and cover a wide range of compositions
and heat treatments. The potential of the method is clearly illustrated in its ability
Predicted trends have

been found consistent with those expected and the quantitative agreement was frequently

to perceive interactions between the different input variables.



9.7 Summary and conclusions

179

Fig. Cr Ni Mo Mn Si Nb Ti \Y Cu
9.11 18.0 12.0 - 1.4 0.6 0 0 0 0
9.12(a) ~ 121 254 141 046 0 0 0 0
9.12(b) 316 | 16.42 13.21 2.34 1.51 052  0.01 0.011 0 0.14
9.12(b) 347 | 17.89 12,55 0.11 1.74 077 0.77 0.02 0.033 0.09
9.13(a) 18.15  13.3 0 075 04 0.1 0 0 0
9.13(b) 1771 1227  0.02 1.56  0.55 0.005 - 0 0.06
9.14(a) 18 12 0.05 0.8 0.4 0.02 0.02 0 0
9.15(AEA) | 17.85 12 0.04 1.71 060 0.74 0.019 0.031 0.05
9.15(AEG) | 17.56 1224 0.15 1.81 0.63 0.87 0.019 0.041 0.14
Fig. N C Bppm P S Co Al
9.11 0 0.06 5 0.02 0.01 0 0
9.12(a) 0 0.04 0.0002 0.019 0.02 0 0
9.12(b) 316 | 0.034  0.05 - 0.021 0.01 0 0
9.12(b) 347 | 0.016 0.05 - 0.025 0.007 0.37 0.004
9.13(a) 0.012 0.062 0 0.02 0.002 0 0
9.13(b) 0.014  0.06 5 0.026 0.01 0 0.121
9.14(a) 0.01  0.06 10 0.02 0.002 0 0
9.15(AEA) | 0.0284 0.07 12 0.02 0.005 0.29 0.019
9.15(AEG) | 0.0222 0.053 27 0.027 0.011 0.30 0.008

Table 9.2: The base compositions of the different examples, in wt%.

satisfying. The model can be applied widely because of its capacity to indicate uncertainty,
including both an estimate of the perceived level of noise in the output, and an uncertainty

associated with fitting the function in the local region of input space.



Chapter 10

Summary and future work

Following an extensive review of the work done on the topic, it can be said with cer-
tainty that precipitation phenomena in austenitic stainless steels are complex, and that
controversies persists in many cases.

A part of this work was concerned with the microstructural evolution of a newly de-
signed austenitic stainless steel named NF709, with a particular attention to phases which
may be detrimental to long-term creep properties. In this regard, results obtained during
this work indicate that the detrimental role of o-phase is not systematic, as evidence is
given that it has little effect on the ductility. It is also shown that significant differences
in the precipitation sequences can appear from apparently similar compositions. Further-
more, by combining observations from the literature and the detection of CrzNipsSiN the
role of nitrogen as a stabiliser for the n-structure can be clarified.

Of great interest is also the ability to predict the microstructural evolution of these
steels. Based on previous work by Robson and Bhadeshia, and Fujita and Bhadeshia, a
model has been created which makes full use of modern thermodynamic calculation tools.
This model corrects approximations made necessary when using stand-alone programs, in
particular, it is shown that using either the equilibrium tie-line, or the one corresponding
to a zero gradient of carbon, is incorrect and does not lead to satisfactory predictions
of the growth rate. The problem is only correctly solved when addressing it in terms of
activities of the components rather than concentration. Also, the issue of capillarity in
multicomponent systems has been examined, and earlier approaches have been corrected.
A method has been designed which allows to tackle the problem through modification of
the SGTE databases so that capillarity corrections can be calculated directly with MT-
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DATA. With the program written so as to avoid too specific solutions, it is hoped that
its scope of use will extend beyond austenitic stainless steels in future works.

However, for various reasons, this still has to be considered as a semi-quantitative ap-
proach. First, there is a serious lack in available thermodynamic data on phases that are
commonly encountered in modern grades of heat-resistant austenitic stainless steels, which
strongly limits the number of systems in which meaningful predictions can be made. Fur-
thermore, the model still relies on the mean-field approximation. It is certainly a worthy
challenge to overcome this so as to account for localised interactions, or grain-boundary
and intragranular precipitation separately. Finally, fundamental reasons have been given
which justify a re-examination of the way nucleation theory is used in multicomponent
systems, so as to improve the prediction ability of the classical theory.

Given the difficulties in predicting quantitatively the precipitation reactions, it is yet
too early to use these calculations as inputs in the further step which is to estimate the
mechanical properties. It is clear that a meaningful model based on the precipitation state
must include feature such as location, as, for example, grain boundary and intragranular
precipitates are known to have different influences, and distribution, as a same phase
finely dispersed or present as coarse particles also has different effects.

However, when using powerful empirical methods such as neural network modelling,
these difficulties can be avoided; variables such as composition and test conditions can be
used directly. With the use of creep data collected from a number of sources, such models
have been built to estimate the creep strength and creep life of austenitic stainless steels.
Predictions made with these models have been compared to known trends, and shown
to grasp properly interactions between different input variables and to be superior to
conventional extrapolation methods. It is also interesting to note that the use of physically
relevant variables significantly improved the models; for example, the logarithm of time
was used rather than time and a variable relevant for the estimation of the quantity of fine
MX precipitates was added. This justifies the hope that future models, which may use
predicted volume fractions and locations of precipitates as inputs, could help confirming
or understanding the role held by the different precipitate phases in determining the creep

strength of austenitic stainless steels.
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MAP STEEL_CREEP _LIFE_AUSTENITIC

This appendix presents the model described in chapter 9 and associated documentation

following the MAP format, http://www.msm.cam.ac.uk/map/mapmain.html.

1 Provenance of Source Code

Thomas Sourmail

Phase Transformations and Complex Properties Group,
Department of Materials Science and Metallurgy,
University of Cambridge,

Cambridge, CB2 3QZ U.K.

The neural network program was produced by:
David MacKay,

Cavendish Laboratory,

University of Cambridge,

Madingley Road,

Cambridge, CB3 OHE, U.K.

Added to MAP: June 2001.

2 Purpose

A program for the estimation of the creep life of austenitic stainless steels as a function

of elemental composition, test conditions and solution treatment.

3 Specification

Language: C

Product Form: Source Code

Operating System: tested on Solaris, SGI and Linux. Can be compiled on most UNIX
systems.
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4 Description

MAP_STEEL_CREEP_LIFE_AUSTENITIC contains the programs which enable the user
to estimate the creep life of austenitic stainless steels as a function of chemical composition,
solution-treatment temperature, and stress and temperature of the creep test. It makes
use of a neural network program called generate/4, which was developed by David MacKay
and is part of the bigbackb program. The network was trained using a large database of
experimental results [1]. 4 different models are provided, which differ from each other by
the number of hidden units and by the value of the seed used when training the network.
It was found that a more accurate result could be obtained by averaging the results from
all models [1]. The programs calculate the results of each model and then combines them,
by averaging, to produce a committee result and error estimate, as described by MacKay
[2].

The source code is accompanied by a program to install the program, which should run
on most versions of UNIX. Once uncompressed, and once the ‘install’ program run, the
directory contains:

README

A text file containing step-by-step instructions for running the program, including a list
of input variables.

MINMAX

A text file containing the minimum and maximum limits of each input and output vari-
able. This file is used to normalise and unnormalise the input and ouput data.

test.dat

An input file containing the input variables used for predictions.

model.gen

This is a UNIX shell file containing the commands required to run the model. It can be
executed by typing ‘sh model.gen’ at the command prompt. This shell file normalises the
input data, executes the neural network program, unnormalises the results and combine
them to produce the final committee result.

.normalise

Hidden executable file, to normalise the input data.

.generate44

Hidden executable file, for the neural network program. It reads the normalised input file
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and also uses a configuration file spec.t generated by .generate_spec and the weight files,
located in the subdirectory c.

.generate_spec

Hidden executable file, generates the configuration file read by .generate4/.

.gencom

Hidden executable file, combines the output of the different models in a committee result.
.treatout

Unnormalise the results.

SUBDIRECTORY c

_w*f

The weight files of the different models.

*1u

Files containing information for calculating the size of the error bars for the different
models.

_c*

Files containing information about the perceived significance value [1] for each model.
R*

Files containing information about the noise, test error and log predictive error [1] for
each model.

SUBDIRECTORY d
outran.x A normalised output file which was created during the building of the model.

It is accessed by .generate4.

SUBDIRECTORY outprdt

outl, out2, etc.

The normalised output files for each model.
com.dat

The normalised output file containing the committee results. It is generated by .gencom.
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5 References

1. Thomas Sourmail, H. K. D. H. Bhadeshia and D. J. C. MacKay, A neural network model
for the creep strength of austenitic stainless steels., Materials Science and Technology, in
press.

2. D. J. C. MacKay, Mathematical modelling of weld phenomena 3, eds. H. Cerjak and
H. K. D. H. Bhadeshia, Institute of Materials, London (1997) 359, 3. D. J. C. MacKay’s
website at http://wol.ra.phy.cam.ac.uk/mackay/README.html

6 Input parameters

The input variables are listed in the README file in the corresponding directory. The
maximum and minimum values for each variable are given in the file MINMAX.

7 Output parameters

These give the creep life in log h. The output is written in the file result.txt.
Accuracy

A full calculation of the error bar is presented in reference 1.

Program data

See sample file test.dat

Program results

See sample file result.txt

Keywords

Neural networks, creep life, austenitic stainless steels.
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MAP _STEEL_CREEP STRENGTH_AUSTENITIC

This appendix presents the model described in chapter 9 and associated documentation

following the MAP format, http://www.msm.cam.ac.uk/map/mapmain.html.

1 Provenance of Source Code

Thomas Sourmail

Phase Transformations and Complex Properties Group,
Department of Materials Science and Metallurgy,
University of Cambridge,

Cambridge, CB2 3QZ U.K.

The neural network program was produced by:
David MacKay,

Cavendish Laboratory,

University of Cambridge,

Madingley Road,

Cambridge, CB3 OHE, U.K.

Added to MAP: June 2001.

2 Purpose

A program for the estimation of the creep strength of austenitic stainless steels as a

function of elemental composition, temperature of creep test and required life.

3 Specification

Language: C

Product Form: Source Code

Operating System: tested on Solaris, SGI and Linux. Can be compiled on most UNIX
systems.
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4 Description

MAP_STEEL_CREEP_STRENGTH_AUSTENITIC contains the programs which enable
the user to estimate the creep strength of austenitic stainless steels as a function of
chemical composition, temperature of the creep test and required life. It makes use of
a neural network program called generate/4, which was developed by David MacKay
and is part of the bigbackb program. The network was trained using a large database of
experimental results [1]. 14 different models are provided, which differ from each other by
the number of hidden units and by the value of the seed used when training the network.
It was found that a more accurate result could be obtained by averaging the results from
all models [1]. The programs calculate the results of each model and then combines them,
by averaging, to produce a committee result and error estimate, as described by MacKay
[2].

The source code is accompanied by a program to install the program, which should run
on most versions of UNIX. Once uncompressed, and once the ‘install’ program run, the
directory contains:

README

A text file containing step-by-step instructions for running the program, including a list
of input variables.

MINMAX

A text file containing the minimum and maximum limits of each input and output vari-
able. This file is used to normalise and unnormalise the input and ouput data.

test.dat

An input file containing the input variables used for predictions.

model.gen

This is a UNIX shell file containing the commands required to run the model. It can be
executed by typing ‘sh model.gen’ at the command prompt. This shell file normalises the
input data, executes the neural network program, unnormalises the results and combine
them to produce the final committee result.

.normalise

Hidden executable file, to normalise the input data.

.generate44

Hidden executable file, for the neural network program. It reads the normalised input file
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and also uses a configuration file spec.t generated by .generate_spec and the weight files,
located in the subdirectory c.

.generate_spec

Hidden executable file, generates the configuration file read by .generate4/.

.gencom

Hidden executable file, combines the output of the different models in a committee result.
.treatout

Unnormalise the results.

SUBDIRECTORY c

_w*f

The weight files of the different models.

*1u

Files containing information for calculating the size of the error bars for the different
models.

_c*

Files containing information about the perceived significance value [1] for each model.
R*

Files containing information about the noise, test error and log predictive error [1] for
each model.

SUBDIRECTORY d
outran.x A normalised output file which was created during the building of the model.

It is accessed by .generate4.

SUBDIRECTORY outprdt

outl, out2, etc.

The normalised output files for each model.
com.dat

The normalised output file containing the committee results. It is generated by .gencom.
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5 References

1. Thomas Sourmail, H. K. D. H. Bhadeshia and D. J. C. MacKay, A neural network model
for the creep strength of austenitic stainless steels., Materials Science and Technology, in
press.

2. D. J. C. MacKay, Mathematical modelling of weld phenomena 3, eds. H. Cerjak and
H. K. D. H. Bhadeshia, Institute of Materials, London (1997) 359, 3. D. J. C. MacKay’s
website at http://wol.ra.phy.cam.ac.uk/mackay/README.html

6 Input parameters

The input variables are listed in the README file in the corresponding directory. The
maximum and minimum values for each variable are given in the file MINMAX.

7 Output parameters

These give the creep life in log h. The output is written in the file result.txt.
Accuracy

A full calculation of the error bar is presented in reference 1.

Program data

See sample file test.dat

Program results

See sample file result.txt

Keywords

Neural networks, creep strength, austenitic stainless steels.
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MAP_DATA MTDATA _CAPILLARITY

This appendix presents the databases created to include capillarity effects in MT-DATA
calculations, as decribed in chapter 5 and associated documentation following the MAP

format, http://www.msm.cam.ac.uk/map/mapmain.html.

1 Provenance of Source Code

Thomas Sourmail

Phase Transformations and Complex Properties Group,
Department of Materials Science and Metallurgy,
University of Cambridge,

Cambridge, CB2 3QZ U.K.

The original data were from the SGTE (Scientific Group Thermodata Europe) databases
included with MT-DATA,

National Physical Laboratory,

Teddington,

Middlesex,

TW11 OLW, U.K.

Added to MAP: December 2001.

2 Purpose

To allow calculation of capillarity corrected equilibrium with thermodynamic calculation
softwares such as MT-DATA.

3 Description

Two types of binary files are provided: .dbs and .inz files for direct use with MT-DATA.
These data are replicated from the original databases, but a pressure dependency term
has been added so that the MT-DATA user can increase the Gibbs energy of any of the

precipitates by a given amounts.
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The user should be aware that this pressure dependency terms are in no way real vol-
umetric data. There only purpose is to allow the addition of 107¢ J mol~! per Pascal.
When using these database, a conventional calculation can be performed by setting the
pressure to 1 Pa. If the Gibbs energy of, say, M23C6 is to be raised by 1000 J mol~!, the
pressure should be set to 10° Pa.

Once the file map_data_mtdata_capillarity uncompressed, the directory databases contains
the following files:

README

Contains detailed instructions on how to install the databases and set up MT-DATA to
use them.

cementite.dbs and cementite.inx

Binary files (database and index) providing thermodynamic data for cementite.
m23c6.dbs and m23c6.inx

Binary files (database and index) providing thermodynamic data for M23C6.
hcpa3.dbs and hcpa3.inx

Binary files (database and index) providing thermodynamic data for HCP_A3
sub_p.dbs and sub_p.inx

Binary files (database and index) providing thermodynamic data for the following sub-
stances: N'Ti, CTi, NNb, CNb, C0.479Nb, C0.877Nb, C0.98Nb.

SUBDIRECTORY loa files

Contains the plain text load files corresponding to the above binary files.

Keywords

capillarity, coarsening, MT-DATA
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MAP_MT-DATA _KINETICS

This appendix presents the model described in chapter 6 and associated documentation

following the MAP format, http://www.msm.cam.ac.uk/map/mapmain.html.

1 Provenance of Source Code

Thomas Sourmail and H. K. D. H. Bhadeshia

Phase Transformations and Complex Properties Group,
Department of Materials Science and Metallurgy,
University of Cambridge,

Cambridge, CB2 3QZ U.K.

This program is interfaced with MT-DATA,
National Physical Laboratory,

Teddington,

Middlesex,

TW11 0OLW, U.K.

Added to MAP: December 2001.

2 Purpose

A program to estimate the kinetics of diffusion-controlled, multiple precipitation reactions
in austenitic stainless steels. This program can also be used for the same purpose in
different systems for which the SGTE databases provide thermodynamic data, but the

user will be required to input the diffusion coefficients.

3 Specification

Language: FORTRAN
Product Form: Source Code

Operating System: tested on Solaris.
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4 Description

MAP_MT-DATA _KINETICS contains the program which enable the user to obtain an
estimate of the volume fraction of various precipitates forming in austenitic stainless steels
during ageing at elevated temperature, as a function of time.

All thermodynamic calculations are handled internally by MT-DATA, therefore suppress-
ing the need for the user to input driving forces or equilibrium compositions.

The software uses MT-DATA .mp: files, from which the user selects required phases. This
file has to be created in first place, using the ACCESS module of MT-DATA.

Once uncompressed, MAP_MT-DATA_KINETICS contains:

kinetics.f

The source code for the program.

compile

A unix shell script to compile the program and link it to MT-DATA object files. It needs
to be edited to point to the directory where the latter are found.

precipitate_data

A file containing information about a number of precipitates, that is, lattice parameter,
number of atoms per unit cell, and parameters for nucleation (nucleation site density and
interfacial energy).

spheregrowth.out and planargrowth.out

Contains 500 precalculated points for the solution to the sphere growth and planar growth
equations as described in [1].

README

Complete instructions for installation and use.

5 References

1. Thomas Sourmail, PhD thesis, Chapter 6, available on http://www.msm.cam.ac.uk/phase-

trans/

6 Input parameters

The user is only required to select the phases allowed in the calculation and the elements
which are expected to control their growth, for example Cr and C in the case of My3Cs.
For most other input parameters, such as composition, ageing temperature and solution-

treatment temperature, the user has the possibility to create, with the software files which
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can be used for faster access in later calculations.

7 Output parameters

The default output is

Time /s — Vf of precipitate 1 — V{ of precipitate 2 — etc

where VT is the volume fraction.

This can be easily modified by editing the subroutine SNAPSHOT.

Keywords

Simultaneous precipitation reaction kinetics, austenitic stainless steels.
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